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A B S T R A C T
Due to their extraordinary mechanical properties, the field of research on nanocrys-
talline metals and their alloys has been steadily growing since the early synthesis
attempts [1]. Several recent reviews summarize the subject [2, 3, 4, 5, 6, 7, 8].
Especially for the case of alloyed systems, however, a strong link between the
macroscopic mechanical properties and the atomistic mechanisms being at the
heart of a materials response to an external load is still missing.
For addressing this problem, atomistic simulation techniques are used in this
work. Several metals and their alloys are studied. The main emphasis is on
elucidating generalized structure-property relationships for nanocrystalline mi-
crostructures.
In the first part, an introduction to the subject and the employed methods is
given. Then, the sample preparation technique is explained and the introduction
of solute atoms into a nanocrystalline model structure is discussed, where several
methods are compared. Characterization of the nanocrystalline alloys with focus
on the elemental distribution in the microstructure shows that a high density
of grain boundaries can drastically affect the local composition and the phase
stability range for a given alloy.
Uniaxial deformation simulations of the nanocrystalline alloys allow us to iden-
tify the atomic processes, which control the macroscopic mechanical behavior.
Modulating the structural feature, which controls the strength i.e. the free volume
in the grain boundaries by the introduction of different amounts of segregating
solutes helps to develop a new scaling law, which depends not only on the grain
size but also on grain boundary energy and the grain boundary relaxation.
The variation of the concentration of solutes in different parts of the microstruc-
ture, where the composition in the grain interior and the grain boundaries is
studied independently, reveals that conventional solid solution hardening is ab-
sent in nanocrystalline alloys. This supports the finding that the relaxation state
of the grain boundary is controlling the strength of the material.
After showing, that dislocation processes in the grain interior do not control the
strength of the structures, their role for the ductility of the prepared alloys is
tested by introducing intermetallic grains into the microstructure. Thus, the defor-
mation is restricted to processes in the grain boundaries. Here it is demonstrated,
that the ductility of the samples is strongly affected by the grain size while the
strength controlling parameter is identical to miscible and segregating alloys.
xiii
The delicate interplay between the different deformation processes mediated
by the grain boundary is investigated for the competition between normal grain
boundary motion and mesoscopic grain boundary sliding. It is analyzed, how
this competition is altered by segregating solutes and under which conditions
each mechanism is contributing to plastic deformation in nanocrystalline metals
and alloys.
The results by conventional molecular dynamics simulations are affected by
the very high strain rates. Combining molecular dynamics with Monte Carlo
simulations can overcome this limitation and allows to explore, how different
deformation mechanisms are influenced by the simulation conditions. The Monte
Carlo algorithm accounts for local relaxation by trial exchanges, shortcutting
diffusional processes. It is shown how the balance between different contributions
to plastic deformation depends on the local relaxation and how conventional
molecular dynamics straining simulations overestimate the contribution by dislo-
cation processes.
The simulation of thermally activated processes in large systems with molecular
dynamics is in general complicated by the limited timescales. Here, designing
thermally stable microstructures offers the possibility to study the deformation
processes at elevated temperatures without inducing grain growth. Thus, grain
boundary creep in nanocrystalline model structures can be studied, if appropriate
microstructures are used. Here, the effect of solute atoms is analyzed, where
different compositions and different material systems are compared. The results
show, how solute atoms affect the creep compliance of a nanocrystalline alloy.
The atomic mechanisms governing the mass transport through the grain bound-
aries are discussed and compared to the processes governing plastic flow in bulk
metallic glasses.
xiv
Part I
I N T R O D U C T I O N

1
N A N O C RY S TA L L I N E M E TA L S A N D A L L O Y S
1.1 strengthening metals
The strength and ductility of metals (of materials in general) are inherently related
to the processes governing the way how atoms move past one another [9]. In
conventional coarse grained (CG) face centered cubic (fcc) metals and alloys at
ambient temperature, this mostly occurs by the multiplication and movement of
dislocations [10, 11]. Thus, the movement of dislocations and their interaction or
interactions with other defects controls the strength and ductility of CG metals.
Methods for strengthening this materials therefore rely on strategies that control
the generation, and interaction of dislocations and defects [12].
Figure 1: Strategies for strengthening of ma-
terials. (Reprint from Science 349,
(2009), © 2009, with permission
from the American Association for
the Advancement of Science.)
Fig. 1 shows examples of strength-
ening methods for crystals and al-
loys, relying on the interaction be-
tween dislocations and A) solute
atoms, precipitates or other dislo-
cations and B) grain boundaries
(GBs).
The fact that GBs provide a bar-
rier for dislocation slip is used to
strengthen metals by increasing the
density of GBs in the material i.e. de-
creasing the average grain size. Here,
for CG metals a scaling between the
yield strength and 1/
√
d, where d
refers to the average grain diameter
(the Hall-Petch law [13, 14]) is com-
monly observed.
Extrapolating this scaling law into the nanometer grain size regime results
in a yield strength drastically increased as compared to the CG material. And
3
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indeed, a severe increase in strength is observed in experiment and simulation
for nanocrystalline (NC) metals and alloys [2, 3, 4, 5, 6, 7, 8]. When the grain size
is decreased into the nanometer regime, however, the deformation mechanisms
as well as the macroscopic behavior change, where limited ductility is frequently
reported [2, 3, 4, 5, 6, 7, 8]. The development of a structure-property relationship,
where the atomic processes are resolved, is therefore a prerequisite for designing
NC alloys with high strength and ductility.
1.2 nanocrystalline metals
1.2.1 Definition and experimental preparation
NC metals are polycrystalline structures with a mean grain size below 100 nm.
The microstructure therefore contains a significant volume fraction of interfacial
regions separated by nearly-perfect crystals [1].
Experimental methods to prepare NC metals can be categorized into bottom-
up (or two-step) and top-down (or one-step) approaches [15]. In bottom-up
approaches, nanosized particles are prepared (e.g. by inert gas condensation
(IGC)) and then compacted to form a bulk NC material [16]. In top-down
approaches, a conventional polycrystalline bulk material is heavily deformed
by severe plastic deformation (SPD) [17, 18]. Depending on the amount of
imposed strain, this can lead to the formation of nanosized grains within the
microstructure.
1.2.2 Mechanical properties of nanocrystalline metals
The mechanical properties of NC metals are controlled by the high density of
GBs in the microstructure [1, 2, 19, 20, 21, 22, 23]. Several reviews summarize the
current understanding of this material class [2, 3, 4, 5, 6, 7, 8], much of which has
derived also from molecular dynamics (MD) simulations.
One striking observation is, that different studies on the same metal or alloy
with a comparable average grain size often report different behaviors. This is due
to the fact that the details of simply preparing NC systems, either by experiments
or simulation [5], matter greatly in their response to applied stresses. Furthermore,
it was shown that grain size alone is not sufficient to fully describe a NC material
of a given composition [24, 25]. Several experimental and simulation studies have
pointed out that the strength of NC materials in the lower nanometer regime
can be influenced by both thermal annealing [26, 27, 28, 29] and the addition of
solute or impurities [26, 27, 30, 31, 32, 33]. Compared to the CG counterparts,
fully dense NC metals often show drastically enhanced yield stresses [8].
The observations regarding the ductility of NC metals differ significantly. Here,
from limited tensile elongation [8] over reasonable ductility [34] to near perfect
4
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Figure 2: Deformation mechanism map for NC fcc metals expressed in reduced units
of stress and inverse grain size, where r0 is the equilibrium splitting distance
between two Shockley partial dislocations at zero stress and σ∞ is the resolved
shear stress at which the splitting distance becomes infinitely large. (Reprint
from Nature Materials 3, (2004), © 2004, with permission from Nature Publish-
ing Group.)
elastoplasticity [35] a wide range of characteristics are reported. Also the ductility
of NC metals and alloys can be masked by imperfections introduced during
synthesis or later heat treatment [36]. Weissmüller and co-workers showed, that
the limited ductility in tension, however, is due to the low strain hardening
exponent and the low strain rate sensitivity and not due to pores or flaws [37].
In another study it was emphasized that NC metals are intrinsically ductile as
long as strain localization is suppressed [38]. Promising routes to benefit from
the high strength of NC material may be a gradient grain size distribution as
demonstrated by Lu and co-workers [38] or alternative ways to remove or delay
plastic instabilities by designing strain hardening or strain rate hardening schemes
as discussed by Wang and Ma [39]. High strength and high ductility in NC metals
might also be achieved by SPD as demonstrated by Valiev et al. [40]. Here, the
amount of strain during deformation controls the state of the GBs as well as the
homogeneity of the grain size and shape and therefore the ductility of the material
[40]. Also regarding the ductility of NC metals, it was observed, that grain size
alone is not sufficient to characterize a microstructure, where first studies suggest
that the intrinsic ductility is unexpectedly independent of the microstructure over
the grain size range from 10-80 nm unlike conventional CG metals [41]. Another
point, which needs to be considered is the mode of deformation. Birringer and
co-workers reported that NC metals show a strong dependence on the loading
conditions and go ductile under shear deformation [42]. The explanation for
most of the observations goes hand in hand with a change in the underlying
deformation mechanisms (Sec. 1.3), where the high density of GBs appears to
play the key role. The significant contribution by GB mediated deformation
5
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mechanisms motivated studies, where the temperature range for the occurrence
of superplastic deformation was explored as a function of grain size [34, 43]. Here,
superplastic deformation and non-negligible creep deformation was observed in
NC Cu and Ni, respectively, even at room temperature [34, 44]. As proposed by
Lu et al., this may offer innovative material processing techniques for modern
industry [34].
Another intriguing often reported feature of NC metals is that they strengthen
with decreasing grain size down to very small grain sizes (20-30 nm), but here
they reach a maximum in yield strength. Further reduction in grain size results
in a plateau or in softening. This so-called “inverse Hall-Petch“ behavior has
been widely discussed [45, 46], but the underlying reasons have remained largely
a matter of speculation [4]. This lack of understanding is partly caused by the
difficulty in controlling and characterizing the structure and purity of NC metals,
particularly when their grain sizes fall below 30 nm.
Figure 3: Deformation mechanism map for
NC Pd. (Reprint from Advanced
Engineering Materials 7, (2005),
© 2005, with permission from
Wiley-VCH.)
Reasons for the breakdown of the
Hall-Petch behavior could be that col-
lective effects vanish and strain pro-
ceeds through uncorrelated events of
individual dislocation nucleation and
propagation [47]. It was proposed by
Li, that impurity segregation and grain
boundary porosity also could explain
the grain size dependence of the yield
stress [48]. A study by Lu and co-
workers on NC Cu even suggests that
the Hall-Petch relation is valid down
to grain sizes as small as 10 nm [49].
For pure NC metals deformation
mechanism maps such as in Fig. 2 by
Yamakov et al. [21] and in Fig. 3 by
Weissmüller and Markmann [22] are
evolving, where also computer simula-
tions contributed to the understanding
[50]. They can, however, not aspire to
represent a complete picture but rather represent a snapshot of the available
knowledge [22]. The large number of available deformation mechanisms (Fig. 3,
Fig. 4) and their interaction is hampering the general understanding of deforma-
tion in NC metals and alloys [22].
6
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(a) (b) (c) (d)
Figure 4: Schematics of potential deformation processes in NC fcc metals including a)
dislocation emission from GBs, b) GB sliding, c) grain rotation and d) stress
coupled GB motion.
1.3 atomistic simulations and deformation mechanisms
MD simulations have proved very helpful in providing insight into the strength
of NC materials at the atomistic level as pointed out by van Swygenhoven [51].
Gumbsch and co-workers furthermore showed, how MD simulations play a crucial
role in advancing our understanding of mechanical behavior [52]. Regarding the
macroscopic mechanical properties, MD simulations on NC materials, which were
mostly carried out for pure samples [53, 54, 55, 56, 50], hardly report a lack of
ductility as the grain size is reduced. Only for NC body centered cubic metals
some intergranular fracture at low strains is observed [57, 58]. MD simulations on
fcc metals also support the existence of a cross-over from Hall-Petch strengthening
to ”inverse Hall-Petch” softening [53, 54, 55, 56, 50], coinciding with a potential
transition in the active deformation mechanism at grain sizes around 15 nm as
reported by Schiøtz [59].
Several different deformation mechanisms of NC metals were identified by MD
simulations [54, 3, 60, 2]. Distinct from CG metals, they are mainly mediated
by the high density of GBs in NC microstructures. Here, the GBs can act as
sources and sinks for lower-dimensional defects and can contribute to plastic
deformation by their multi-directional response to applied stresses [21, 2]. It was
revealed that e.g. dislocation emission from and absorption in GBs (Fig. 4 (a)), GB
sliding (Fig. 4 (b)) and grain rotation (Fig. 4 (c)), twinning and faulting as well as
diffusional creep and GB migration or stress coupled GB motion (Fig. 4 (d)) are
potential deformation mechanisms operational in NC fcc metals [60, 61, 8, 3, 2].
The balance between the contributions of the different distinct mechanisms
as well as the identification of the limiting process is, however, still a matter of
debate. The delicate interplay between the different mechanisms, which need
7
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(to some extend) act in synergistic ways due to geometrical constraints, is also
not fully resolved. On the one hand side, it was reported by Schiøtz et al. from
simulations that at the smallest grain sizes mainly GB sliding contributes to plastic
deformation, even at zero temperature [62], where the sliding of the GB is thought
to be triggered by atomic shuffling and to some extent free volume migration
[63]. Here, a close relationship between atomic-scale relaxation and inter-grain
deformation mechanisms is suggested [64]. On the other hand, it was stated by
van Swygenhoven et al. that the most important suggestion resulting from MD
simulations on NC fcc metals is that even in the absence of dislocation sources
in the grain interior, dislocations still play an important role in the deformation
[63]. Here, GBs can act as alternative sources and sinks [53], a concept which was
introduced well before the era of NC metals [65, 66].
Figure 5: Deformation mechanism map for
NC Cu by MD. (Reprint from Phys-
ical Review B 84, (2011), © 2011,
with permission from the Ameri-
can Physical Society.)
Also not completely resolved is, how
the results by MD straining simula-
tions are affected or controlled by the
high strain rates, adherent to this simu-
lations. It is without debate that the ex-
trapolation to the experimental regime
requires a clear understanding of the
modeling technique, a detailed struc-
tural characterization of the simulated
sample [67] and careful consideration
of the temperature dependence of the
deformation mechanisms [68]. It is,
however, not resolved, whether this
constraint allows for the development
of deformation mechanism maps by
MD simulations such as in Fig. 5 [69]
or whether atomistic simulations alone
are at the present not suited to set up
deformation mechanism maps analo-
gous to constitutive plasticity [51] where the mechanisms are quantified according
to the applied stresses, the grain size, strain rates and temperature.
Experimentally, the active deformation mechanisms are analyzed by identifying
the respective “kinetic fingerprint” (i.e. strain rate sensitivity and activation
volume) of deformation as discussed by Meyers et al. [2] or Wei [70]. Some
results indicate that GB sliding is the dominant deformation mechanism for grain
sizes around (and below) 10 nm in various fcc metals [71, 72, 73]. Other studies
analyzing strain rate sensitivity and activation volume in NC Cu (10 nm) suggest
that GB mediated processes are active, but not dominant [49]. Alternative rate-
controlling mechanisms accommodating the plastic flow could be the interaction
of dislocations with grain boundaries [74], the nucleation of partials [75], GB
shear promoted by a pile-up of dislocations [76] or dislocation-accommodated
8
1.4 nanocrystalline alloys
boundary sliding [46]. The evolution of the strain rate sensitivity as well as the
temperature dependence of the apparent activation volume seem to coincide with
GB processes such as migration, sliding and dislocation nucleation [77, 76], while
the evolution of the grain size in other samples yields evidence for stress coupled
GB motion [9, 78, 38, 79].
For dislocation based mechanisms, a transition to partial dislocation mediated
plasticity can be proven by the detection of twins for metals where the formation
of deformation twins does not occur at larger grain sizes such as Al [80]. The
observation that dislocation processes are different for the case of NC metals is
also consistent with in-situ x-ray diffraction data, which can be interpreted in
terms of dislocation emission and absorption from the GBs, while no dislocation
debris is stored inside the grains during deformation, which also falls in line with
the absence of substantial work hardening [81]. The energy barrier for dislocation
nucleation and twinning in fcc metals, however, depends not only on the grain
size but also on the deformation conditions such as temperature and strain-rate
[82, 68].
Regarding the delicate interplay between the different deformation mechanisms,
it apparently has to be considered that the transition from intragranular to
intergranular plasticity is determined not only by the grain size. Also other
factors, like the stacking fault energy or the nature of the GBs [83, 56] influence
the individual contribution to macroscopic plastic deformation. The individual
contributions are furthermore dependent on the deformation conditions, where it
is observed, that at increasing strain rate plastic deformation shifts from GB creep
mechanisms to grain interior plasticity [84].
1.4 nanocrystalline alloys
In pure metals, grain sizes in the nanometer range are difficult to stabilize, whence
(segregating) solutes can been used to prevent grain growth, i.e. tailor the grain
size [85, 86, 87, 88, 37] as demonstrated also by computer simulations mainly by
Millett et al. [89, 90, 91, 92]. Solute segregation to the GB can decrease the GB
energy to zero. This leads to an equilibrium grain size, which depends on the
concentration of segregating solute as shown by Trelewicz and Schuh [93].
Furthermore, miscible solute atoms in principle allow to specially tune certain
material properties such as the generalized planar fault energy (GPFE) of the bulk
material [94, 89, 90, 91, 95, 96] which is in turn considered to control dislocation
nucleation and slip in NC fcc materials [75, 97] and affects the twinability [98, 99,
100, 101].
Moreover, it is well known that the GB structure and energy depend on the
type and concentration of solutes [102], and therefore chemical equilibration of
GBs should also affect the properties of alloyed nanocrystals.
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1.4.1 Mechanical properties of nanocrystalline alloys
Regarding the effect of alloying on the mechanical properties of NC microstruc-
tures, Schuh and co-workers showed, that addition of alloys significantly influ-
ences the mechanical response [103]. Substitutional solute addition can increase
the strength of the material to very high levels, which is not expected based
on traditional solid solution strengthening [103]. Alternatively, an increase in
hardness (strength) can be achieved by annealing and GB segregation [104]. Here,
Derlet et al. report, that solutes and impurities can have a dramatic effect on
atomic activities in the GBs [67]. Furthermore, alloying may shift the breakdown
of the Hall-Petch strengthening to finer grain sizes [105].
The effect of impurities, commonly present in experimental samples, is rarely
considered in the atomistic simulations [6, 51]. A small increase in strength on
adding 2 at.% Fe (i.e., average sample concentration) to the GB was reported for
NC Cu by Caro et al. [32]. Furthermore, Saxena and co-workers showed, that a
small increase in the strength (by about 10%) of NC Cu could be gained by adding
up to 1 at.% Sb to the GBs [33]. A stronger increase was observed by Mishin and
co-workers, who randomly introduced Ta into the GBs of NC Cu [106].
Here, however, significant progress still needs to be made understanding even
individual processes such as the dislocation activity for the case of a heterogeneous
composition [107].
The interplay between different deformation mechanisms operational in NC
metals is not fully explored (Sec. 1.3). The dependence on the presence of solute
atoms on the hierarchy of deformation mechanisms is often not even considered.
The interplay between distinct modes of plasticity, operational in NC metals
may, however, be affected by the presence of solutes [108, 109, 110]. The nucleation
of partial dislocations, for instance, is stimulated by miscible solutes as shown by
MD simulations [111]. For the case of solutes in the vicinity of the GB it was shown
experimentally by Hemker and co-workers [110] and by Gottstein and co-workers
[112], that they can hinder normal GB motion. This is supported by results from
simulations by van Swygenhoven and co-workers, showing that solutes increase
the necessary stress for coupled GB motion [113, 109]. Additionally, Millett et al.
observed by MD simulations, that segregated solutes can increase the GB sliding
resistance [108].
1.5 open questions
Based on the existing knowledge on the structure and mechanical properties of
NC metals and their alloys as presented above, several open questions can be
formulated regarding the simulation of NC alloys and their mechanical properties.
These questions will be addressed in the following. The order of the topics given
below is a guideline for the structure of the presented work.
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Simulation of NC alloys
• What is a suitable simulation procedure to introduce solute atoms into a
NC microstructure?
Several procedures to create NC single-element microstructures for MD
simulations have been developed. For studying alloyed systems, no general
preparation route has been established. Here, different attempts are possible,
which might show an effect on the macroscopic behavior. (Chap. 3)
• What is the equilibrium elemental distribution in a NC microstructure
for the case of a miscible system?
The elemental distribution also of a miscible system can deviate from the
global composition in the vicinity of a GB. Here, the employed modeling
scheme enables to explore an equilibrated distribution for a NC microstruc-
ture. (Chap. 4)
• Does a NC microstructure change the phase diagram of an alloy?
A microstructure with a nanometer grain size can have a significant effect
on the phase diagram i.e. the phase stability due to the excess in interfacial
(GB) area. For an alloy with an ordering tendency, we compare, how the
stability range of an intermetallic phase is affected by a NC microstructure.
(Chap. 4)
• How does the excess volume and the GB energy correlate for NC metals
and how do they change with composition?
The excess volume in a given microstructure as well as the GB energy depend
on grain size and the type of the GBs in a delicate manner. Additionally,
both are affected by the introduction of solute atoms into the GB. How they
scale with the concentration of solute atoms needs to be discussed. (Chap. 4)
Grain boundary mediated plasticity
• How do intrinsic material parameter affect the mechanical response of a
NC alloy?
For a CG material, the deformation behavior strongly depends on intrinsic
material parameters such as shear modulus, stacking fault energy, twinnabil-
ity, etc.. Most of them vary with composition for a given binary alloy
(Chap. 5). For the case of a NC alloy, it is neither established, whether the
same parameters influence the mechanical behavior, nor whether intrinsic
material parameters have an effect at all. (Chap. 6)
• Which parameter does control the strength of NC metals and alloys?
It is frequently reported, that established scaling laws for CG metals such as
the Hall-Petch behavior fail to fully describe the properties of NC structures,
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i.e. that the grain size alone is not a sufficient parameter. Other than that it
is unknown, which properties may have a crucial influence on macroscopic
properties. (Chap. 6)
• How are the mechanical properties affected by the way, solute atoms are
introduced?
Experimentally as well as in simulations, there are different ways to intro-
duce solute atoms into a given microstructure as well as different successive
treatments, leading to a differing elemental distribution (Chap. 4). How the
elemental distribution especially in the vicinity of GBs affects the macro-
scopic properties of an NC needs to be resolved. (Chap. 6)
• How can the state of the GBs be modulated?
For testing the influence of the state of the GB on the mechanical properties
of a NC microstructure, it needs to be systematically modulated. This can be
done by introducing solutes into the GBs. Here, the effect of different solutes
and the respective concentration needs to be explored and understood.
(Chap. 7)
• Is there solid solution hardening in NC microstructures?
For CG alloys, the way how miscible solutes can increase the resistance of
the crystal lattice against dislocation motion (Fig. 1) is mostly understood.
For NC alloys, where it is not fully resolved which parameters control the
strength of the material, the question arises whether a change of composition
in the grain interior has an effect on the macroscopic mechanical properties.
(Chap. 8)
• How do intermetallic systems with a NC microstructure deform?
For NC metals, it was reported that a significant contribution to plastic
deformation is accounted for by dislocation slip. For intermetallic systems
the question arises, whether they are brittle also with a nanometer grain
size because of a lack of dislocation and/or a low dislocation mobility.
Furthermore it needs to be explored whether similar parameters control the
strength of the material as observed for other alloys. (Chap. 9)
Coupled motion and mesoscopic GB sliding
• Does coupled motion contribute to deformation in NCmetals and alloys?
From bicrystal simulations, it was shown that stress coupled GB motion
can lead to a shearing of two crystals versus each other. From experimental
results on NC metals, it was reported, that under the influence of an
applied stress grain size increases more drastically than can be explained
by curvature driven grain growth. Here, it needs to be explored whether
12
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and how stress coupled GB motion contributes to plastic deformation in
NC microstructures. (Chap. 10)
• How does coupled motion compete with mesoscopic GB sliding?
For NC metals it was supposed, that GBs can align themselves, leading
to GB sliding on a mesoscopic scale. Experimental evidence for aligned
GBs in deformed microstructures supports this. Stress coupled GB motion
and mesoscopic sliding, however, exclude each other. Here, it needs to be
resolved how the two competing processes interact. (Chap. 10)
• What are the atomistic processes of coupled motion in a general high
angle GB?
From bicrystal simulations of special coincidence site lattice (CSL) bound-
aries, it could be shown which structural units are responsible for the
normal motion of the GB. For stress coupled GB motion occurring in a NC
microstructure, it needs to be understood whether the atomistic mechanisms
are similar to the ones in CSL boundaries and how the findings from the
bicrystals can be transferred. (Chap. 10)
• How is the competition between mesoscopic sliding and coupled motion
affected by solutes?
It was shown by experiment and bicrystal simulation, that solutes in the
vicinity of the GB can hinder stress coupled GB motion as well as GB
sliding. Here, it needs to be understood, how solutes affect the competition
between stress coupled motion and mesoscopic sliding for the case of a NC
microstructure. (Chap. 11)
• Is the effect independent of the alloying procedure?
Also for the competition of coupled motion with mesoscopic GB sliding it
is of interest to resolve, whether the way the solute atoms are introduced
changes their interaction regarding the competition between mesoscopic GB
sliding and normal GB motion. (Chap. 11)
• What is the effect of solutes with differing segregation tendency?
Whether the effect of segregating solutes on the competition between meso-
scopic GB sliding and normal GB motion can be transferred to other alloys
with a segregation tendency needs to be discussed. Here, one has to under-
stand, which parameters (heat of mixing, size mismatch, etc.) controls the
effect on the competing mechanisms in a sensible manner. (Chap. 11)
Hierarchy of deformation processes
• Does the hierarchy of deformation processes change with the deforma-
tion conditions?
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MD simulations have contributed significantly to identify and understand
the mechanisms contributing to the deformation of NC microstructures.
The high strain rates, adherent to MD simulations might, however, change
the hierarchy between the contributing processes with individual activa-
tion enthalpies and activation volumes. Here it needs to be explored, how
the hierarchy of the deformation processes changes with the deformation
conditions. (Chap. 12)
• Can the short MD time scale be overcome?
Crucial for understanding the effect of the peculiar deformation conditions
in MD straining simulations on the various contributing processes is to
overcome the short time scales. This can be done by using other simulation
techniques together with MD simulations. Here, e.g. MC trial exchanges can
overcome the time scales which would be necessary for thermally activated
processes such as diffusion. (Chap. 12)
• Do the contributions change, when local relaxation is accounted for?
When local relaxation by diffusional processes is accounted for it then needs
to be resolved whether and how the contribution by individual processes
changes during straining. (Chap. 12)
• How are GB mediated processes affected by local relaxation attempts?
Taking advantage of the understanding of GB mediated processes, it can
be resolved how individual GB mediated processes are affected by local
relaxation attempts. (Chap. 12)
Grain boundary creep
• Can coble creep be simulated by MD?
MD simulation are limited to rather short time scales and therefore to high
strain rates. This usually contradicts the observation of thermally activated
processes such as GB creep. Several workarounds have been used, where
a strong increase in temperature appears to be a very promising strategy.
Here, several constraints regarding a suitable microstructure need to be
considered. (Chap. 13)
• How do segregating solute affect the creep compliance of NC microstruc-
tures?
Segregating solutes in the GB can stabilize a given microstructure against
(thermally activated) curvature driven grain growth. Here, it needs to
be resolved whether they also affect the creep resistance of a NC metal.
(Chap. 13)
• How can the creep resistance be affected? What are the reasons?
If the creep resistance is altered by the introduction of segregating solutes
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into the GB, the question arises how this effect can be explained. The
according material parameters need to be systematically studied and the
controlling parameters need to be identified. (Chap. 13)
• What are the atomistic mechanisms of mass transport in the GB?
GB creep relies on atomic mass transport through the GBs. The atomic
processes, accounting for this mass transport may depend on the type and
state of the GB. A generalized understanding of the contributing processes
as a function of type and state of the GB would be beneficial. Furthermore,
it is still widely discussed, how GBs in a NC microstructure compare to
bulk amorphous material. Here, MD simulations can contribute to gain
some insight and compare the two different cases. (Chap. 13)
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M E T H O D S
2.1 molecular dynamics simulations
Atomistic simulations provide unique insights into atomic-scale processes [114,
115]. They are a useful tool to develop an understanding of structure-property
relationships [52] and have provided unprecedented insights into the structural
and mechanical properties of NC materials [51].
2.1.1 Basic principles
MD simulations allow to study the dynamics of a given set of mass points
(atoms). The interactions between the atoms are defined by interatomic potentials
(Sec. 2.1.2). The force Fi on a given atom i at the position ri due to its interacting
neighbors is computed as the gradient of the scalar potential V(ri)
Fi = −∇V(ri), i = 1...N. (2.1)
According to Newtons’ equation of motion
Fi = miai, (2.2)
the acceleration ai of the atom i with the mass mi can be computed.
To evaluate the atomic trajectories, a differential equation for the position of
each atom is formulated and numerically solved. Within the framework of the
LAMMPS MD code [116], which is used in this work, this is done according to
the Velocity Verlet [117] algorithm. Here, for a given set of atomic positions r and
velocities v at a given time t, the positions after a time increment δt are computed
according to
r(t + δt) = r(t) + δtv(t) +
δt2
2
a(t). (2.3)
The atomic positions r(t+ δt) then describe the state of the system after evolving
for the time increment δt. Successive iterations, where positions, velocities and
accelerations of each atom in the system are computed therefore yield the atomic
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trajectories of all atoms in the system. The total simulated time equals the number
of iterations multiplied with the time increment δt of each iteration.
During one iteration the atomic forces are, however, assumed to be constant.
The time increment δt therefore needs to be in the range of a few femtoseconds
only. The total time, accessible by MD simulations is thus typically in the range
of a few nanoseconds [118].
Regarding the size of the model systems, limitations can be overcome by
parallelization. Here, billions of atoms can readily be treated [119]. Compared to
conventional experimental samples (which usually contain on the order of 1023
atoms), however, also the accessible spatial dimensions are small.
MD nevertheless allows to study atomic processes in structures with according
dimensions such as nanoparticles, nanowires or NC systems. A proper selection
of the boundary conditions furthermore allows to mimic bulk material [114].
Here, commonly three dimensional periodic boundary conditions are applied. In
this way, identical images of the system are introduced at the boundaries, filling
the space around the studied structure. This geometry avoids the occurrence of
surfaces. It does, however, allow for interaction across the edges of the system
bearing the risk of self interaction for the case of very small systems or long range
interactions.
All MD simulations presented in this work were carried out using the freely
available LAMMPS MD code [116]. The code was modified to carry out additional
computations and characterizations as described below. For all simulations,
periodic boundary conditions were applied in all three dimensions. The sizes
of the model structures were chosen large enough to prevent self interaction of
individual grains across the periodic boundaries.
2.1.2 Interatomic potentials
At the core of a MD simulation is the description of the interaction between the
atoms in the system. In the past, several formalisms for interatomic potentials have
been developed [114]. Depending on the material of interest and the properties
which need to be reliably reproduced, different formalisms are required [118]. For
a variety of fcc metals, embedded-atom method (EAM) potentials showed a good
agreement with experimental results regarding the properties of the material
while conserving a comparably low computational effort. All of the systems
studied in the presented work were described by EAM type [120] potentials.
For one system, a modified EAM, namely a concentration-dependent embedded-
atom method (CD-EAM) [121, 122] potential was employed. For another alloy,
an empirical manybody potential in the framework of the Finnis-Sinclair (FS)
[123] model was used. The details of the interatomic potentials are given in the
following.
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Figure 6: Enthalpy of mixing of the Pd–Au binary alloy.
PdAu
For studying the Pd–Au alloy we use a semi-empirical interatomic potential. Pure
elements are described by EAM potentials for Pd [124] and Au [125]. The EAM
potentials for the elements yield elastic constants and stacking fault energies that
are in good agreement with experimental data. The cross interaction follows a
recent formulation of the CD-EAM [121, 122] that has been developed to exactly
reproduce the enthalpy of mixing of alloys over the full compositional range.
The Pd–Au binary system has a negative enthalpy of mixing and is completely
miscible at higher temperatures [126]. The CD-EAM formalism helps us to derive
the cross potential VAB from the experimental enthalpy of mixing curve in a
very straightforward manner. In this formalism, the cross potential, VAB(x, r) =
h(x)ΦAB(r), is composed of two parts: (i) the concentration-dependent function,
h(x), which is a forth-order polynomial of the local gold concentration, x, and (ii)
the static cross potential, ΦAB, which we choose to be the arithmetic mean of the
elemental pair potentials: ΦAB = (VAA +VBB)/2.
The EAM potentials of the pure elements were normalized to an effective pair
representation [122] that preserves all properties of the pure elements in order to
make them compatible and to minimize nonlinear contributions of the embedding
terms to the formation energy. The five coefficients of the h(x) polynomial were
then determined such that the experimental enthalpy of mixing curve at 1300K
[126] is reproduced by the potential for a random solid solution (figure 6). Table 1
lists the coefficients of the h(x) polynomial after fitting.
The potential has exclusively been fitted to the enthalpy of mixing of the
disordered high-temperature phase of Pd–Au at 1300K. Experimental data [127,
128] and ab initio calculations [129, 130, 131] indicate that additionally ordered
phases occur at low temperatures. The formation energies of these phases, which
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Table 1: Coefficients of the 4th order polynomial h(x) = ∑4n=0 hnx
n for the Pd–Au poten-
tial. Here, x denotes the local Au concentration (0 ≤ x ≤ 1).
h0 h1 h2 h3 h4
1.159085 −0.126781 0.481763 −0.488693 0.203778
were not part of the fitting procedure, are also properly predicted by the CD-EAM
potential (Fig. 6).
FeNi
The atomic interactions for the case of Fe–Ni are described by the EAM type
potential by Bonny et al. [132]. It was developed to reproduce the phase diagram
of the presented system [132]. The description of the pure elements is according
to the interatomic potential by Mendelev (“potential 2”) [133] for the case of Fe
and according to the interatomic potential by Voter and Chen [134] for the case
of Ni. In coincidence with experimental findings, the potential for the Fe–Ni
alloy describes the L10 FeNi and the L12 FeNi3 intermetallics as the only ground
states. Furthermore are the defect properties for the ferritic phase as well as for
the austenitic phase in reasonable agreement with literature [132].
Cu+X
Also for the description of the various Cu alloys studied in the presented work,
we used semi-empirical EAM type potentials and one potential based on the FS
model.
For Cu–Nb, we employed the interatomic potential by Demkowicz and Hoagland
[135]. It was constructed in part, to reproduce the large, positive heat of mixing
[135]. The cross potential was fitted to the dilute enthalpies of mixing obtained
from analytic fitting of the phase diagram and to the lattice constant and bulk mod-
ulus of a hypothetical Cu-Nb crystal as obtained from ab initio calculations [135].
The descriptions of the pure elements was shown to be in excellent agreement
with ab initio calculations regarding energy and stability of several nonequilibrium
structures for Cu [136]. The potential for pure Nb was fitted to the cohesive
energy, the lattice constant, the three cubic elastic constants and the unrelaxed
vacancy formation energy [137].
For Cu–Ag, we used the EAM potential by Williams et al. [138]. Here, the
identical Cu potential as for Cu–Nb was used [136]. The EAM potential for
Ag was shown to correctly reproduce the lattice parameter, cohesive energy,
elastic constants, phonon frequencies, thermal expansion, lattice-defect energies
as well as energies of alternate structures [138]. The potential for the binary
Cu–Ag system was then fitted to the energies of imaginary phases from ab initio
calculations. The resulting potential was shown to be in good agreement with
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experimental observations for the whole composition and temperature range
[138].
For Cu–Fe, we used the potential by Ludwig et al. [139]. Here, for the pure
phases, the Cu potential by Voter [140] and the iron potential by Simonelli [141]
were used. Both fit Roses’ equation of state and properly reproduce other element
properties including lattice constant, cohesive energy, elastic constants and va-
cancy formation energy [139]. The potential for the alloy was then constructed to
reproduce physical parameters of the alloy, such as the heat of solution of Cu in
Fe and the binding energy of a vacancy and a Cu atom in the α-Fe matrix [139].
The Cu–Zr alloys of varying composition are described by the FS type poten-
tial by Mendelev et al. [142]. It reproduces the amorphous alloy structure in
agreement with x-ray diffraction data and can be used to model the properties of
Cu–Zr alloys [142]. Here, the potentials for the pure phases were developed to
reproduce several ab initio configurations and high-temperature phase transitions
for the case of Zr [143] and to yield better agreement with the first-principle and
measured liquid diffraction data for the case of Cu [144].
2.2 monte-carlo simulations
2.2.1 The semi-grandcanonical ensemble
Monte-Carlo (MC) simulations sampling the semi-grandcanonical (SGC) ensemble
allow to equilibrate the composition and distribution of the constituents of the
system for a specified chemical potential difference ∆µ.
The probability distribution function for the SGC ensemble is
piSGC = Z−1SGC exp[−β(E + ∆µc)], (2.4)
where ZSGC is the partition function of the SGC ensemble, β = 1kBT , where kB is
the Boltzmann constant and T is the temperature, E is the internal energy and c
is the concentration.
For the present purpose, it is convenient to introduce the parameter µ = β∆µ
and rewrite equation 2.4 as
piSGC = Z−1SGC exp[βE− µc]. (2.5)
The SGC ensemble can be sampled using a simple transmutational MC algorithm
(Metropolis algorithm, Fig. 7): (1.) one atom is picked at random, (2.) the chemical
identity is changed e.g., from A to B or B to A, (3.) the energy change is computed
according to ∆E = Enew − Eold, (4.) the exchange is accept or reject according to
the transition matrix
KSGC = min {1, exp[−β∆E− µ∆c]} (2.6)
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Figure 7: Metropolis algorithm of the SGC ensemble
where ∆c = cnew − cold is the concentration change associated with the trial move.
The algorithm then returns to the initial step, carrying out the same trial exchange
on another randomly picked atom.
The SGC ensemble is well suited for massive parallelization. The details of the
spatial decomposition and handling of the system boundaries are described in
Ref. [145].
2.2.2 The variance-constrained semi-grandcanonical ensemble
For single phase systems, one can readily employ the SGC ensemble, as described
above, where the composition is determined by the difference in chemical potential
∆µ. The SGC is in principle, however, limited to one-phase regions, since it cannot
deal with situations where the relation between the concentration c and the
chemical potential difference ∆µ has an infinite slope, such as in two-phase
regions of the phase diagram [146]. Here, an additional constraint needs to be
introduced, in order to keep the global composition at the desired value [146].
This can be realized by controlling the reservoir of the ensemble via additional
parameters [145]. The probability distribution function of the variance-constrained
semi-grandcanonical (VCSGC) ensemble thus is
piVCSGC = Z−1VCSGC exp[−β(E)− βc(φ+ κc)], (2.7)
where ZVCSGC is the partition function of the VCSGC ensemble and the two
independent variables φ and κ are Lagrange multipliers associated with the
constraints on the first and second moment of the concentration [145].
The transition matrix for the accepting or rejection of trial exchanges then reads
KVCSGC = min {1, exp[−β(∆E + ∆c(φ+ 2κc˜))]} , (2.8)
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(a) (b)
(c) (d)
Figure 8: Hybrid MD/MC scheme: a) Atoms are picked at random, b) their chemical
identity is changed and the resulting difference in energy is computed. The
trial exchange is rejected or accepted according to a transition matrix KSGC (see
text). c) MD is employed, to structurally relax the new configuration. d) In this
way, the crystal lattice is decorated with solutes, where the solute atoms are
introduced at energetically favorable positions, while relaxations and thermal
vibrations are taken into account.
where c˜ refers to the average concentration between two successive trial moves.
The ensemble can be categorized as an extended Gaussian ensemble, being in
contact with a finite reservoir. It allows for the simulation of compositions in a
two-phase region of the according phase diagram [145].
For some cases (Chap. 12), the variance control is employed in the presented
work to restrict the global composition to a desired value during MC simulations.
2.3 hybrid molecular dynamics / monte-carlo scheme
In the previous section we introduced the parallel SGC-MC algorithm, which
allows to study systems with millions of particles. In many applications, however,
the configuration space includes continuous (off-lattice) particle positions which
allow for structural relaxations and thermal vibrations. This local structural
relaxations can be crucial to properly describe a given system [147, 148].
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Therefore the transmutational MC scheme has to be combined with an algo-
rithm that captures the structural as well as the vibrational degrees of freedom.
This can be achieved by a combination of the transmutation MC moves with
MD simulations (Fig. 8): After MC trial exchanges are carried out the system,
a certain number of MD steps allows for structural and vibrational relaxation,
before returning to the MC part. The number of MD steps between series of
MC moves as well as the number of MC trial exchanges during one MC series
can be adjusted to optimize the convergence of the simulation. In this way, a
given crystal lattice or off-lattice configurations such as GBs can be decorated
with solute atoms in accordance with the thermodynamic driving forces, where
structural and vibrational degrees of freedom are taken into account.
This algorithm was implemented [145, 149] into the freely available LAMMPS
MD code [116]. In case of an accepted type swap, the velocity of an atom is
rescaled to conserve its kinetic energy. Both, the MD and MC parts of the
simulation code are parallelized to enable large-scale simulations of NC alloy
structures.
2.3.1 Simulation procedure
For modeling the equilibrium properties of NC alloys, we utilize the hybrid
simulation method as described above. In that way, we account for structural
relaxations and thermal vibrations as well as the exchange of atom types.
This hybrid simulation procedure is employed, to carry out the annealing and
alloying for some of the microstructures (Chap. 3). For the initial relaxation and
for the most cases of mechanical testing (Chap. 2.5) conventional MD simulations
are conducted. Here, the MC algorithm is not employed, but the simulation
procedure (Fig. 9) is otherwise identical.
Fig. 9 visualizes the workflow of a typical simulation. Crucial for the quality of
the simulations and the according results is a suitable input structure and proper
selection of the simulation parameters. Subsequent to the (hybrid) simulations,
the thermodynamic output as well as the evolution of the microstructure needs
to be analyzed. The characterization techniques are used to analyze the initial
alloyed microstructures (Chap. 4) as well as the microstructures during straining
(Chap. 6-Chap. 13). A short description of the techniques is given below.
2.4 characterization
The result of the simulations consists of thermodynamic parameters and atomic
configurations (Fig. 9). While the thermodynamic output contains readily inter-
pretable system averages which represent the macroscopic behavior, the atomic
configurations need further characterization. Here, the information of the atomic
evolution is contained in a dataset of coordinates representing the centers of
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Figure 9: Workflow of typical hybrid MD/MC simulation. The algorithms and methods
are described in the text.
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mass of the atoms. Information about changes in the atomic configuration, about
the nucleation and evolution of defects of multiple dimensionality needs to be
extracted from snapshot of atomic positions. Several methods which are used
throughout the presented work to extract this information from the temporal
evolution of atomic positions are introduced below.
2.4.1 Atomic Volume
Figure 10: Radical Voronoi tessellation for a
polydispersed packing of 159 par-
ticles in a cube. (Reprint from
Chaos 19, 041111 (2009), © 2009,
with permission from the Ameri-
can Institute of Physics.)
The atomic volume, or the excess vol-
ume of an atom (as compared to the
atomic volume in the ground state lat-
tice) can be used to quantify the char-
acter of a GB. In fact, the free volume
is considered to be the best single crite-
rion for characterization of GBs [150].
We use the Voronoi tessellation method
[151], to compute the local atomic vol-
ume of each atom. The Voronoi tessel-
lation divides the simulation cell into
Voronoi polyhedrons (VPs). Around
each atom, the lines joining an atom
and its neighbors are bisected at a right
angle by interface planes. The set of
planes enclosing a given atom are its
VP and define the atomic volume and
neighborhood as shown in Fig. 10.
The excess volume per atom is then
the difference between the calculated
volume for an atom in a given structure and the average volume of an atom of
the same type within a single crystal of identical global composition at identical
conditions. If the analysis is carried out for an alloy, a single crystal of a random
solid solution with an identical composition serves as a reference. We define the
free volume of the GB atoms as the sum over the excess volumes of all atoms
belonging to the GB according to structural criteria such as common neighbor
analysis or centrosymmetry-parameter (see below).
2.4.2 Structural short range order
For distinguishing atoms located in GBs from atoms located in the grains, we
use structural short range order (SRO) parameters such as the common neighbor
analysis (CNA) [152] or the the centrosymmetry parameter (CSP) [153].
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Common Neighbor Analysis
The CNA is a decomposition of the radial distribution function according to
the local environment and allows for a systematic analysis of the local atomic
structure [154, 152]. It is a useful measure for the structure around an atom and
mostly used in mono-component solid-state systems. Also for an alloy, the CNA
can serve as an analysis tool as long as the lattice structure of the alloy is known
and not strongly distorted. For the case of multiple phases with different lattice
constant, the CNA can only analyze one phase at once.
For a given cutoff parameter, the CNA analyses the neighborhood of an atom
with respect to the position of the neighbors. If the pattern of the neighboring
atoms matches a known crystal lattice, the configuration is recognized and the
atom is labeled as belonging to this crystal lattice. If the pattern does not match
a known crystal lattice, the atom is considered to belong to a strongly distorted
region such as GBs or dislocation cores.
The cutoff parameter RCNA for identifying nearest neighbors (NNs) was set
between the first and second NN shells in the fcc lattice according to:
RCNA = a0(c, T) · (1+
√
1/2)/2, (2.9)
with a0(c, T) being the average lattice parameter for a given concentration c and
temperature T.
Centrosymmetry Parameter
The CSP can also be employed as a measure of the local lattice distortion around
a given atom [153]. It is calculated according to
CSP =
N/2
∑
i=1
|Ri + Ri+N/2|2, (2.10)
where the N nearest neighbors are identified and Ri and Ri+N/2 are vectors
from the central atom to a particular pair of neighbors. From the N ∗ (N − 1)/2
possible neighbor pairs, the N/2 smallest are used. Those are typically pairs of
atoms in symmetrically opposite position (with respect to the central atom). N is
an input parameter which is typically the number of nearest neighbors for the
underlying crystal lattice. For a fcc crystal lattice, N equals 12.
While the CNA strictly categorizes the atoms in the system according to the local
lattice topology (or to an unknown structure), the CSP quantifies the deviation
from a perfectly symmetric coordination. Both can be used in a similar manner
to identify atoms which belong to a distinct group of atoms e.g. the GBs [155].
Locally, the results from either method may, however, deviate.
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2.4.3 Chemical short range order
For a given alloy not only the structural order by means of defects, but also the
chemical order can drastically influence the macroscopic behavior. The elemental
distribution around a given atom is quantified by evaluating the chemical short
range order (CSRO). Here, we compute an ordering parameter for each atom
surrounded by its N nearest neighbors in accordance with the ordering parameter
by Warren and Cowley [156] as
αi = 1−
Zj
N × (1− ci) , (2.11)
where αi denotes the ordering parameter for atom of type i, Zj is the number
of atoms of the according other type among the N nearest neighbors and ci is
the global concentration of atoms of type i. In a fcc lattice, each atom has 12
nearest neighbors. We implemented this chemical analysis into the freely available
LAMMPS MD code.
2.4.4 Extended defects
Methods such as CNA and CSP (as introduced above) are well suited, to identify
atoms belonging to structural defects like vacancies, dislocations, planar faults or
GBs. In most cases, they can, however, neither distinguish between the different
defects nor extract characteristic higher-level information such as the Burgers
vector of a dislocation. Here, more sophisticated analysis algorithms need to
be employed, in order to extract the according information from atomistic data.
Two algorithms for extracting dislocations (and other defects) from atomistic
simulations were used in the present work, which are briefly introduced below.
For a full description of the analysis procedure and the according capabilities, the
reader is referred to the original publications [157, 158].
ODDA
The on-the-fly dislocation detection algorithm (ODDA) [157] is derived from the
original definition of dislocations and conducts a local Burgurs circuit search
around defected atoms. This allows to locate dislocation cores and to determine
their Burgers vector. This information can then be used for constructing a discrete
dislocation representation. After the dislocation network is extracted from the
atomistic data, it can be further analyzed with respect to dislocation reactions,
types of dislocations and dislocation densities. The algorithm is readily imple-
mented in existing MD code and can be used to efficiently analyze also large-scale
atomistic simulations [157].
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DXA
The dislocation extraction algorithm (DXA) [158] also extracts information about
defects from atomistic data. In contrast to ODDA, it directly translates a given
network of distorted atoms into a network of connected dislocation segments,
preserving the true topology. In that way, it generates the geometric description
of dislocation lines and nodes while it outputs the remaining crystal defects as
triangulated surfaces. Similar to ODDA, the extracted dislocation network can
then be analyzed with respect to detailed dislocation processes such as nucleation
or interaction or with respect to dislocation types and the respective densities
[158].
2.4.5 Decomposing crystal slip
The algorithms described above allow to extract information about the type and
density of dislocations as well as other defects within the microstructure at a
given time for an individual snapshot. They do, however, not reveal the respective
contributions of the individual defects to the overall deformation. At this point,
an algorithm was used, which decomposes the deformation field into elastic and
plastic parts for the case of crystalline materials. It allows to quantify the plastic
deformation in a crystalline material due to dislocation movement [159].
The algorithm was used to extract the contribution of dislocation motion to the
overall deformation for deformed microstructures. For a full description of the
decomposition details and the capabilities of the algorithm, the reader is referred
to Ref. [159].
2.4.6 Collective atomic motion
For an atom, which is part of a given crystal lattice, the nature of potential
displacements is well defined by the lattice itself where (e.g. during dislocation
motion) several atoms can move in a collective manner for a well defined amount
in a well defined direction.
For the case of an off-lattice configuration such as a GB or a bulk amorphous
material, the situation is somewhat different. Here, neither the amount, nor the
direction of the movement can be estimated from geometrical considerations.
Furthermore is the interaction between a collection of particles more complex
than for the case of a crystalline structure.
Thus we implemented the following algorithm into a standalone analysis tool
to examine the atomic motion within off-lattice configurations such as GBs. First,
all atoms (independent of their type) moving more than half the NN distance
within a given time window were identified as a function of time. The nature of
movement of those atoms was then analyzed, following an approach by Donati
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Figure 11: Stringlike collective motion: Particles at t=0 are shown in white, same particles
at later time are shown in dark grey. (Reprint from Physical Review Letters 80,
2338 (1998), © 1998, with permission from the American Physical Society.)
et al. [160] (Fig. 11), where atomic motion is considered stringlike or collective if
the former position of a moving particle is occupied by another mobile particle.
Otherwise the motion was considered independent.
This allows to extract the amount of collectively (stringlike) moving particles
from snapshots of atomistic simulations. The nature of displacement inside the
GBs can thus be characterized for different external conditions.
2.5 simulation of mechanical testing
Mechanical testing was simulated at constant temperature by imposing a constant
engineering strain rate in uniaxial direction on the simulation cell. If the defor-
mation temperature deviated from the annealing temperature, the samples were
quenched to the desired temperature, before uniaxial testing was conducted.
As shown in Fig. 12, the samples are elongated or compressed along the
z-direction. For all cases, periodic boundary conditions were applied in all di-
rections. The lateral dimensions were adjusted using a Berendsen barostat [162].
This controls the lateral box length by homogeneously rescaling all atom coor-
dinates such that the components σxx and σyy of the stress tensor are zero. The
temperature during straining is controlled using a Berendsen thermostat [162].
The resulting simulation setup corresponds to a mixed ensemble consisting of
a constant volume–constant temperature (nvt) ensemble in the loading direc-
tion, and a constant pressure–constant temperature (npt) ensemble in the lateral
directions.
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Figure 12: Simulation of uniaxial mechani-
cal testing: Samples are deformed
in z-direction. The lateral bound-
aries (x and y) are periodic. Dur-
ing straining, pressure control al-
lows for lateral relaxation.
For most of the cases an engineer-
ing strain rate of 108 1/s was ap-
plied. Lower or higher rates (107 1/s
or 109 1/s, respectively) were used to
test the strain rate dependence of our
results and/or to speed up the simula-
tions.
For the simulations of thermal creep
(Sec. 13), the uniaxial testing was car-
ried out at constant load. Here, the
barostat was used, to adjust the com-
ponents of the stress tensor in all three
dimensions (σxx, σyy and σzz). In this
case, the simulation setup corresponds
to a constant pressure–constant tem-
perature (npt) ensemble. In the lateral
dimensions (x- and y-direction), the
pressure was also controlled to be zero,
while the pressure in z-direction had a
finite value (on the order of 500 MPa).
31

Part II
S I M U L AT I O N O F N A N O C RY S TA L L I N E A L L O Y S

The following part is devoted to the preparation and characterization of
samples for atomistic simulations. After describing the different routes
of solute introduction, the obtained samples are characterized in terms of
elemental distribution where the main emphasis lies on the regions in the
vicinity of the GBs. Additionally, selected material properties, which change
as a function of composition are discussed.

3
P R E PA R AT I O N O F M O D E L S T R U C T U R E S
3.1 preparation of nanocrystalline model structures
For modeling the properties of NC alloys, we utilize classical MD simulations or
the hybrid MD/MC scheme (Sec. 2.3). In contrast to most experimental attempts,
where composition and grain size are varied at the same time, we can produce
samples of differing composition for a given average grain size. In general, we
first created NC model structures of the pure host metal. In all cases, the Voronoi
tessellation method [161] was used to set up the grain shapes based on randomly
placed center points in a cubic simulation box. Similar to the extraction of an
atomic volume, where the volume of the sample is distributed over all atoms (see
Sec. 2.4.1), the Voronoi tesselation allows to divide the volume of the simulation
box into different VPs i.e. grains. Here, for a given set of grain center points, the
surrounding space is divided such, that an arbitrary point in space belongs to
the closest center point. The space belonging to each center point is then filled
with atom positions located on the according crystal lattice, where the lattice
orientations of the grains are taken from a random isotropic distribution. Three-
dimensional periodic boundary conditions are applied in all three dimensions
to model a bulk structure. We deleted atoms from the grain boundaries that
were closer than 2.0Å to other atoms prior to initial relaxation, to avoid spurious
configurations in the as-prepared Voronoi samples (Fig. 13).
Initial relaxation was then done at 300 K to minimize the enthalpy, where
the system was also relaxed to zero pressure. Berendsen’s [162] thermostat
and barostat were used for conrolling temperature and pressure. After initial
relaxation, annealing and alloying was carried out. This was done at zero pressure
and at moderate temperatures (in the range of 500 - 600 K, see below). Regarding
the alloying two distinct ways were compared (Fig. 13): In one case, the solute
atoms were introduced by randomly replacing host atoms in the microstructure
or in a specific region of the microstructure (such as the GB). In the other case, the
solute atoms were introduced into the microstructure using the hybrid MD/SGC-
MC algorithm, which locates the solutes at energetically and entropically favorable
positions by carrying out the trial exchanges as described in Sec. 2.3.1. The latter
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Figure 13: Alloying and equilibration of NC structures: Spurious configurations in the
GBs are excluded by deleting atoms, which are located too close to each other.
Solutes are introduced either randomly or using the hybrid MD/MC scheme.
Equilibration is done for 1 ns at elevated temperature.
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not only allows to equilibrate the given distribution of the constituents but also
the composition of the system for a chemical potential difference ∆µ.
For both cases, annealing and alloying was carried out at the identical temper-
ature. If MC was employed, the temperature parameter for the Metropolis MC
algorithm was also set to the annealing temperature.
3.1.1 PdAu
We created NC model structures with average grain sizes of 5, 10 and 15nm
consisting of 432, 128 and 54 grains, respectively. After initial relaxation at 300 K,
annealing and alloying was performed at 600K for 1ns at zero hydrostatic pres-
sure using Berendsen’s [162] thermostat and barostat. For the alloying, both
methods of solute insertion were used. While the random distribution of so-
lutes over the whole microstructure by random atomic exchanges serves as a
reference structure, the hybrid MD/MC algorithm was employed to construct
fully equilibrated samples, where the solutes are distributed according to the
thermodynamic driving forces. Here, the temperature parameter for the Metropo-
lis MC algorithm was also set to 600K as in the MD stage. One full MC step
was performed every 40 fs, i.e., 25,000 trial exchanges were performed on each
atom in the system. At this temperature, some ordering effects in the Pd–Au
solid solution have been described by several authors [129, 130, 131]. Indeed, we
observe differences between MC equilibrated single crystals and random solid
solutions in the SRO, which also affect the elastic properties as shown in Sec. 6.
3.1.2 FeNi
To model NC Fe–Ni, the atomic interactions were described by the EAM type
potential introduced above (Sec. 2.1.2). Initially, we created NC model structures
of perfectly (L12) ordered FeNi3 with average grain sizes of 5 and 15nm consisting
of 432 and 54 grains, respectively. After initial relaxation at 300 K, annealing and
equilibration of the composition and distribution of the constituents was then
performed with the hybrid MD/MC algorithm at 600 K, for 1 ns at zero hydrostatic
pressure. During this MD equilibration, one full MC step was performed every
40 fs, i.e., 25,000 trial exchanges were performed on each atom in the system
on average. The temperature parameter for the MC algorithm was the same
as in the MD stage, to obtain the equilibrium chemical distribution for a given
composition. For the variation of the global composition, we choose differing
∆µ to chemically equilibrate the system at concentrations deviating from the
stoichiometric composition.
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3.1.3 Cu+X
For the case of dilute NC Cu alloys, the description of the atomic interactions
is given by the EAM and FS type potentials as described in Sec. 2.1.2. Here,
we created a NC model of pure Cu consisting of 38 grains with an average
grain size of 8 nm. The center points of grains, and the grain orientations were
also randomly selected. Initial relaxation of the structure was carried out at
300 K and zero hydrostatic pressure. Afterwards annealing and alloying were
performed at 500 K over a period of 1 ns also at zero hydrostatic pressure with
the hybrid MD/MC scheme. During this MD run, an MC trial exchange was
carried out on average on each atom every 200 fs, i.e., 5,000 trial exchanges were
performed on average on each atom in the system. The temperature for the
Metropolis MC algorithm was the same as for the MD part. Without additional
constraints, the SGC MC cannot treat two-phase regions in the phase diagram
(Sec. 2.2). We nevertheless started from pure Cu and adjusted ∆µ such that a
desired overall composition was obtained during alloying. The values of ∆µ were
not necessarily restricted to the single phase region of the equilibrium phase
diagram. Precipitation of a second phase, however, which requires to overcome
a nucleation barrier, was not observed. The reported concentrations, therefore,
may correspond to oversaturated solid solutions, exceeding the solubility in
Cu. For comparison we created samples where the solute atoms were randomly
inserted prior to annealing (by regular MD), which serve as a reference during
high temperature deformation (Sec. 13). Here, however, solutes were introduced
exlusively in the GBs through random atomic exchanges of atoms which were
identified to belong to the GBs according to CSP.
40
4
E L E M E N TA L D I S T R I B U T I O N
In a first characterization step, the elemental distribution in the prepared model
structures (Sec. 3) annealed and alloyed by the hybrid MD/MC scheme were
analyzed in order to quantify the local compositions.
The hybrid MD/MC scheme (Sec. 2.3) distributes solute atoms according to
the thermodynamic driving forces, where vibrational and structural degrees of
freedom are taken into account. The algorithm therefore distributes the solutes
also at off-lattice sites such as GBs (Fig. 14). Here, the composition, obtained
for a given ∆µ may differ from the composition inside the grains or inside a
singlecrystal. We therefore quantified the local compositions for distinct structural
features such as GBs and grains.
At finite temperature, the instantaneous element distribution is fluctuating and
therefore analyzing a single snapshot is not suitable for characterizing the site
occupancy. Here, it is useful to introduce the concept of an “effective atom“ [163],
which describes the average occupancy of an atomic position. We have therefore
calculated the site occupancy in the semi-grandcanonical ensemble by taking the
ensemble average over a large number of MC steps. The time-averaged position
and occupancy of each site is expected to converge to a constant value [164].
4.1 miscible systems
4.1.1 Solute distribution in PdAu
Fig. 15 shows the local site occupancy variations for NC Pd–Au within the
microstructure of a sample with 15nm average grain size. Each picture is showing
another global Au concentration. The gradient color scale has been chosen
such that a green color always corresponds to the global concentration, whereas
blue denotes a gold depletion of -10%, and red an enrichment of +10%. In the
GBs, regions can be found where either Pd or Au is preferred. In addition, the
magnitude of the variations (not shown) depends on the global concentration.
The thickness of this “deviation zone” changes with the global concentration as
well. Note that the slice shown here is representative for the whole polycrystalline
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(a) (b)
(c) (d)
Figure 14: Hybrid MD/MC scheme in the vicinity of the GBs: a) From the atoms in
the vicinity of the GB, b) one is picked at random and the chemical identity
is changed in accordance with the transition matrix (Sec. 2.3), where MD is
employed, to structurally relax the new configuration. c) In this way, also
the GB is decorated with solute atoms, introduced at energetically favorable
positions. d) The local composition in the GB may deviate from the composition
in the grain interior due to segregation or as the case may be depletion effects.
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(a) (b) (c) (d) (e)
Figure 15: Cross-sections of a grain and its surrounding GBs and triple junctions in NC Pd–
Au for various global Au concentrations ranging from 10% to 90%. The gradient
color scale indicates deviations of local concentration from global concentration
(green). Blue denotes Au depletion of 10%, red denotes Au enrichment of
10%. In this context, the concentration is defined as the average occupancy of
a lattice site with an Au atom in the statistical semi-grandcanonical ensemble.
(Snapshots were generated using OVITO [165])
structure, pretty much independent of the GB orientation, and we obtained
comparable results for various planar symmetric GBs in bicrystal geometry.
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Figure 16: Average GB excess concentration
in NC Pd–Au as a function of
global concentration and grain
size.
The GB concentration was deter-
mined by averaging the site occupancy
of all disordered atoms according to
the CNA. For most compositions, the
GBs contain less gold than the bulk
(Fig. 16). This finding is superim-
posed by the aforementioned variation
in thickness of the “depletion zone”,
which depends on the global solute
concentration and does not coincide
with the thickness of the GB.
GB enrichment in NC metals was
studied computationally and experi-
mentally also in segregating systems
[87], but GB depletion in NC miscible
systems has, to our knowledge, not
been reported before.
As can be seen in Fig. 16, the strength of the GB depletion effect depends
on grain size. This can be explained with the GB area to bulk ratio, which is
smaller for large grain sizes. Therefore, a small excess concentration in the bulk
is sufficient to balance a large depletion in the grain boundaries. Moreover, this
observation is in agreement with the expectation that in the case of a very small
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grain size, i.e. in the amorphous limit, the material is a homogeneous phase again
and all local deviations from the global composition must vanish.
4.2 ordering systems
4.2.1 Solute distribution in NiFe
Figure 17: Local composition of the grain in-
terior and the GBs in NC Ni–Fe as
a function of the global composi-
tion for two different grain sizes.
Fig. 17 shows the local composition
in NC Ni–Fe according to the local
site occupancy for the different struc-
tural elements (grains and GBs), which
were identified by the CNA. It can be
seen that the GB composition shows
a strong dependency on the global
composition whereas the grain inte-
rior is less affected and stays close to
the stoichiometric composition of the
L12 structure (25 % of Fe). The GB
therefore acts as a ”buffer”, accommo-
dating any excess of Fe or Ni, respec-
tively. This allows the grain interior to
stay in the ordered and stoichiometric
state. Furthermore, it can be seen, that
the change in GB composition shows
a stronger dependency on the global
composition for a 15 nm average grain
size. This can be explained with the smaller volume fraction of GB atoms as
compared to the 5 nm case, which need to accommodate the excess in either
Ni or Fe. For the atomic arrangement inside the grains we find L12 ordering,
irrespective of global composition. It shall be noted that this finding is inde-
pendent of the initial configuration prior to equilibration and alloying (Sec. 3),
i.e. whether we start from a perfectly ordered or a disordered state (not shown).
Fig. 18 shows representative slices through individual grains and the surrounding
GBs for different grain sizes and composition. In the inset, the slice is colored
according to the deviation from perfect L12 CSRO (Sec. 2.4.3), where green refers
to a perfect L12 structure. For all atoms in the grain interior perfect L12 CSRO
(and consequently also long range order) is conserved for both studied grain
sizes. Furthermore, it is visualized (for the 5 nm case), that also for a deviation
from stoichiometric composition, the grain interior stays ordered while the GB
accommodates the excess in either Ni or Fe. Interestingly, for the maximum
deviation from stoichiometric composition, the GB is either almost free of Fe or
enriched up to 50 %, respectively (Fig. 17).
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Figure 18: NC Ni–Fe: Atomic configurations after annealing with the hybrid MD/MC
scheme. Ni atoms in the grain interior are white, Ni atoms in the GB are
dark grey, Fe atoms are red. In the inset, the color coding is according to the
deviation from perfect L12 CSRO, where green refers to perfect L12 structure,
while red and blue refer to a positive and negative deviation, respectively.
a) 5nm grain size with a global concentration of 25 % Fe. b) 15 nm grain
size with a global concentration of 25 % Fe. c) 5 nm grain size with an
(understoichiometric) global concentration of 15 % Fe. d) 5 nm grain size
with an (overstoichiometric) global concentration of 35 % Fe. Snapshots were
generated using OVITO [165].
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The experimentally observed disordered state of NC Ni–Fe with an Fe content
of up to 28 % [166] produced by electrodeposition is therefore considered to
result from the route of processing, leading to a kinetically trapped disordered
elemental distribution and not due to a differing stable configuration for the case
of a nanometer grain size as observed for other systems [167]. On the contrary, the
stability range of the ordered L12 structure in the phase diagram is even widened
by a reduction in grain size, where the grains stay ordered and the GBs act as a
buffer layer. It shall be noted that some of the compositions reported here, which
show an ordered L12 structure inside the grains, lie outside the phase field of
the L12 structure (at 600 K) in the phase diagram reproduced by the interatomic
potential [132].
4.3 segregating systems
4.3.1 Solute distribution in CuNb
After relaxation and the introduction of segregating solutes into the microstruc-
ture, also the model structures for the dilute Cu alloys were analyzed with respect
to the solute distribution and local compositions. Atoms located in grain bound-
aries were distinguished from bulk atoms according to CSP. The inset of Fig. 21
shows a slice through a part of the computational cell for the case of NC Cu–Nb.
It highlights a representative grain and its grain boundaries after equilibration
and alloying of the system with the highest concentration of solute atoms. Gray
markers show GB atoms (according to CSP), white markers correspond to atoms
belonging to the grain interior, and red markers represent Nb atoms. Visual
inspection clearly illustrates that virtually all solutes are located in the grain
boundaries, which is expected due to the large size mismatch between Cu and
Nb. The inset of Fig. 21 also shows that even for the largest amount of introduced
Nb, no significant clustering of Nb occurs within the grain boundaries.
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M AT E R I A L P R O P E RT I E S
In a second characterization step, properties of the material, which are considered
to influence the mechanical behavior [83, 56] and depend on the elemental dis-
tribution as well as the local composition were analyzed. Here, the generalized
planar fault energy and the GB energy were investigated as a function of the
concentration of solute atoms.
5.1 generalized planar fault energies
The generalized planar fault energy (GPFE) is an intrinsic material property. It is
considered to control dislocation nucleation and slip in NC fcc materials [75, 97]
and affects the twinability [98, 99, 100, 101] of a given material. For fcc systems,
the GPFE describes the energetic cost per unit area to form a n-layered fault by
shifting n successive {111} crystal planes along 〈112〉 direction [97]. Each plane
is shifted for the length of a Burgers vector of a Shockley partial bP = a0/
√
6,
where a0 refers to the static lattice constant of the given material [168]. During
shearing of a perfect crystal, an energy barrier needs to be overcome, which is
called unstable stacking fault energy (γusf, Fig. 19) [169, 170]. It has been shown,
that in reality the shearing of the crystal lattice has to occur along the identical
energy path, resulting in the same extrema [170]. After the introduction of a
stacking fault, further shearing of successive planes leads to the formation of a
twin embryo [171].
The unstable fault energies define the barrier which needs to be overcome
during shifting [97]. They can not be measured and need to be computed [168].
The evolution of the GPFE as reproduced by interatomic potentials for a given
material may, however, deviate significantly with the description of the interatomic
interaction [169]. For the unstable fault energies, it is not clear, whether this values
even qualitatively agree with the real values, since they are not experimentally
accessible [172].
The GPFE are commonly computed in two distinct ways. In one case, the
shifting of two halves of the crystal versus each other is carried out as a rigid
movement (unrelaxed GPFE). In the other case, the atoms in both crystal halves
are allowed to relax perpendicular to the shearing plane (relaxed GPFE). The
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Figure 19: GPFE: (a) Relaxed generalized planar fault energy curve of Pd–Au (40%). The
minima and maxima correspond to the unstable stacking fault, γusf, intrinsic
stacking fault, γisf, unstable twinning fault, γutf and coherent twinning fault,
γtf, energies; (b) γusf, γisf, γutf and γtf as functions of the Au concentration.
relaxed GPFE for the studied material systems as a function of composition
(Fig. 19, Fig. 20) are discussed in the following.
PdAu
The relaxed GPFE for a Pd sample with 40% gold is shown in Fig. 19 a). The
minima and maxima, which correspond to the unstable stacking fault, γusf, the
intrinsic stacking fault, γisf, the unstable twinning fault, γutf and the coherent
twinning fault, γtf are indicated. Fig. 19 b) demonstrates how the stable and
unstable fault energies vary with the atomic fraction of Au. Notably, both,
the intrinsic stacking and twinning fault energy decrease with increasing gold
content, whereas the unstable stacking and twinning fault energies are only
slightly varying with the Au concentration. The ratio between γusf and γisf, which
is considered to control the nature of slip in NC metals [97], therefore depends
on the composition of the alloy.
NiFe
The relaxed GPFE for Ni as reproduced by the interatomic potential used in this
work [134] is in fair agreement with density functional theory calculations [169],
even though the stable stacking fault energy is underestimated. Fig. 20 shows
the evolution of the GPFE for various compositions of Ni–Fe for the case of a
random alloy. It can be seen, how the intrinsic stacking fault energy (γisf) changes
with the amount of Fe, while the unstable stacking fault energy (γusf) is nearly
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Figure 20: GPFE: Relaxed generalized planar fault energy curve of Ni–Fe (random alloy)
for various compositions, where the Fe concentration varies from 0 to 25%.
unaffected. In contrast to Pd–Au (see above), where the introduction of Au is
reducing the intrinsic stacking fault energy, the introduction of solute increases
γisf. The presence of 25% of Fe in fcc Ni increases γisf by more than a factor of
two as compared to pure Ni.
Consequently, the ratio between γusf and γisf, controlling the nature of slip in
NC metals [97], changes with composition also for this material system.
In the following chapters (Sec. 6 and Sec. 8) it is explored, how a change of the
intrinsic material properties through alloying affects the macroscopic deformation
properties.
5.2 grain boundary excess volume and grain boundary energy
The free volume in the GBs or GB excess volume is one possible criterion for
characterizing GBs [150]. The GB energy determines the energetic state of the
interfacial configuration with respect to the ground state and is the major driving
force for the elimination of boundary area, i.e. the occurrence of grain growth
[173, 174]. Both, the GB excess volume and the GB energy can be drastically
affected by the presence of solute atoms.
5.2.1 The effect of segregating solutes
Segregating solutes can suppress grain growth. This was confirmed experimen-
tally for several systems [175] including Cu–Nb. The effect is mainly caused by a
drastic reduction of GB energy, eliminating the driving force for an increase in
grain size [173, 174].
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Figure 21: Atomic excess volume (green) and GB energy (red) in NC Cu–Nb at 0 K as a
function of composition. Inset: cross-section of a grain and its surrounding
GBs and triple junctions after equilibration and the introduction of solutes for
8.3 at.% of Nb in the GBs (corresponding to 1.9 at. % global concentration). The
gradient gray scale corresponds to the centrosymmetry-parameter (a measure
of the local lattice disorder) where light gray corresponds to 0 (grain interior)
and dark grey to 5 (highly distorted regions). Nb atoms are highlighted in red.
Snapshots were generated using OVITO [165].
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In atomistic simulations, the total GB area is not easily accessible whereas
the number of GB atoms can be readily obtained according to structural criteria
(Sec. 2.4.2). Therefore, the GB energy EGB is calculated at T=0 K from the relation,
EGB = (Etotal − ESC)/NGB (5.1)
where Etotal is the total potential energy, ESC is the energy of a cell with the
same number of atoms contained in a single crystalline specimen of identical
composition, and NGB is the number of atoms in the GB according to CSP.
(The single crystal reference structure was prepared as a random solid solution,
thermally equilibrated and quenched to 0 K.) Under the assumption of constant
GB widths, EGB is proportional to the GB energy per unit area γ. Fig. 21 shows
that the GB energy decreases linearly with solute concentration, in agreement
with the findings of Millett et al. [90]. Noteworthy is that the GB energy falls
slightly below 0 for the highest amount of introduced Nb. The absolute value of
the GB energy, however, depends on its definition and the choice of the reference
system. It shows, nevertheless, that the GB energy is dramatically reduced by the
segregation of Nb to GBs. Fig. 21 also shows a similar dependence on composition
for the atomic excess volume ∆Vat,
∆Vat = (Vtotal −VSC)/N, (5.2)
where Vtotal is the total volume of the system at its current state, VSC is the volume
of the same number of atoms contained in a single crystal of identical composition
at the same temperature, and N is the number of atoms. The free volume in the
GBs thus decreases with increasing content of Nb in the GBs. The observation
that both energy and volume decrease linearly with concentration in Fig. 21 is
a further indication that no significant precipitation is taking place and the GB
remains homogeneous, since segregation energy and therefore GB energy as a
function of composition may change due to solute-solute interactions away from
the dilute limit [92].
The expansion of the GB eGB due to the excess volume stored in the GB is a
quantity, which is accessible also experimentally. It is defined as the change of
the Volume V with the GB area A,
eGB =
(
∂V
∂A
)
T,p,ni
(5.3)
at constant temperature T and pressure p and for a constant number of atoms
ni. The GB expansion is an excess property with respect to the ideal crystal and
its value can be as low as 1/10 of the lattice constant [176]. From dilatometry a
value of 0.32-0.35 Å was reported for ultra fine grained Ni [176], from density
measurements a value of 0.23 Å was reported for NC Pd [177], while MD results
yield an GB expansion of 0.28-0.42 Å in high-angle GBs in Ni [178].
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For the NC Cu samples used in the presented work, we observe an average
GB expansion of about 0.25 Å for pure NC Cu after thermal annealing under the
assumption, that the GB area did not change drastically during annealing. The
GBs in our computational model structures of pure metals seem therefore in good
agreement with the GBs in experimental samples and other computational work.
During alloying, however, the excess volume in the GBs and therefore also the GB
expansion is drastically decreased as visualized in Fig. 21.
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Part III
G R A I N B O U N D A RY M E D I AT E D P L A S T I C I T Y

The following part deals with the effect of solute atoms on the macroscopic
mechanical properties. Samples from different routes of solute introduction
are compared, which helps to identify the atomic characteristics controlling
the macroscopic properties.
Systematic variation of the strength controlling structural feature, the excess
volume in the GBs furthermore allows the development of a new scaling law,
which depends not only on grain size but on the GB excess volume and the
GB relaxation state.

6
T H E I N F L U E N C E O F M I S C I B L E S O L U T E S
The influence of miscible solutes on the deformation properties of NC microstruc-
tures is studied for the case of Pd–Au model structures of varying grain size
(5-15 nm). Although this is a fully miscible system, the solute distribution is not
fully homogeneous as reported in Sec. 4. By analyzing dislocation activity, atomic
free volume in the grain boundaries, stacking and twin fault densities we make a
connection between composition-dependent properties of the miscible alloy and
the observed stress-strain behavior.
6.1 stress-strain behavior
6.1.1 Compositional effects
The observed stress-strain behavior for NC Pd–Au with two different grain sizes
and three different concentrations is shown in Fig. 22 a). The slope in the elastic
regime is larger for the samples with increased gold concentration, which is due
to the enhanced elastic modulus of the bulk crystal at intermediate compositions
as predicted by the Pd–Au potential. This stiffening is also caused by an increase
of the modulus of the GB by chemical relaxation as will be shown below.
Besides the variation in the elastic regime, the yield stress shows a clear depen-
dence on the concentration. This is particularly pronounced for the intermediate
concentrations as can be seen in Fig. 23 a), where the maximum stress versus
composition is plotted for different grain sizes.
The NC Pd–Au alloy exhibits an overshoot in the stress-strain behavior, which
varies in height with composition. The origin of this overshoot, which is usually
explained by the ultra-high strain rates used in MD simulations [54], is obviously
more intricate in the case of the NC alloys.
For larger grain sizes, we observe strain softening at larger deformations
irrespective of composition. This effect, which is also observed in experiments
[35], was explained with residual internal stresses due to dislocations by Tang
and Schoenung [179], and with the occurrence of cross slip by Brandl et al. [180].
Since we observe mainly partial dislocations in our samples, especially in Au rich
samples, the later explanation cannot hold true for our simulations.
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Figure 22: Compositional Effects: Stress strain behavior a), partial dislocation density b)
and stacking fault density c) for two different grain sizes and three different
compositions as a function of macroscopic strain.
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As discussed in Sec. 5, the stable and unstable fault energies predicted by
our model potential for Pd–Au are composition-dependent. That is, we can
expect the deformation mechanisms to be composition-dependent as well. For
investigating this dependence, we analyzed the activity of dislocations in the
samples during deformation using ODDA (Sec. 2.4). This method allows to
monitor the dislocation lines in all grains and to determine their Burgers vector. A
statistical analysis of this data gives the total dislocation density, which continously
increases during plastic deformation after dislocation nucleation from the grain
boundaries has started (Fig. 22 b)). Since perfect (a/2)〈110〉 dislocations are
resolved as two separate Shockley partials by the analysis algorithm, even for
very small dissociation widths, the instantaneous dislocation density results
mainly from Shockley partial dislocations. Note that dislocations in small-angle
GBs are also detected by the analysis algorithm, resulting in a finite initial
dislocation density in the as-prepared samples, which is assumed to be constant
and subtracted from the instantaneous dislocation densities. Fig. 22 b) displays
the measured dislocation densities in the NC alloys of different compositions. For
the 15nm grain size one can observe an increased dislocation activity in alloys
with higher Au content at a given strain level. The leading partial nucleation
resistance parameter (Rleading), which is obtained according to
Rleading = γusf/Gb (6.1)
[181, 182] can explain this findings. At intermediate compositions, Rleading is
reduced as compared to pure Pd (Fig. 23 b)) . However, the intrinsic stacking
fault energy, γisf, is lowered by the addition of gold as well. This leads to a
higher resistance parameter for the nucleation of trailing partials (quantified
by (γusf − γisf)/Gb), effectively locking leading partials in the grain interior. In
addition, lowering the stacking fault energy leads to a widening of intrinsic
stacking faults and increases the probability of dislocation-dislocation reactions,
which result in immobile products like stair-rod dislocation segments. For the
case of the 5nm samples, the algorithm detects mainly dislocations in small-angle
GBs. This results in a high initial dislocation density (not shown) and in larger
scatter of the results as the GB structure is changed by GB sliding, hindering
the identification of dislocations. Comparing the measured dislocation densities
for the 5 and 15nm grain size shows that in the 5nm structures there is less
dislocation activity, which is consistent with the general picture of a change
from intragranular to intergranular mechanisms when the average grain size is
decreased below a certain limit [183, 184, 185].
We have also measured the total density of intrinsic stacking faults (ISF) and
coherent twin boundaries (not shown) in the samples as functions of strain
(Fig. 22 c)). As expected, the addition of gold leads to a strong increase of ISF
density.
While the composition-dependent fault-energies and derived properties like
the resistance parameter R [181, 182] for (leading) partial nucleation can explain
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Figure 23: Compositional Effects: (a) Maximum yield stress as a function of composition
for different grain sizes. (b) Resistance parameters R for the nucleation of
leading partial dislocations (γusf)/Gb, twinning partial dislocations (γutf −
γtf)/Gb and trailing partial dislocations (γusf − γisf)/Gb as function of the Au
concentration. (c) Correlation between Maximum Stress, Flow Stress and the
resistance parameter R for leading partial nucleation in the case of the 15nm
grain size.
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the measured defect density at a given strain (see above), they can not explain
the increase in stress at the onset of plastic deformation. If the nucleation of a
partial dislocation into the grain was the barrier to overcome at the onset of plastic
deformation, one would expect a correlation between the maximum stress and the
resistance parameter. Fig. 23 c) shows that the contrary is the case. Namely that
the observed maximum stress in the stress-strain behavior correlates inversely
with the resistance parameter to leading partial dislocation nucleation. Therefore,
we can reason that it is not the nucleation of leading partial dislocations, which
controls the maximum strength of this NC alloy.
Additionally, we can conclude, that the composition dependent resistance
against partial dislocation nucleation into the grain has a minor effect on the
observed stress-strain behavior. Since the model for the resistance to dislocation
nucleation comes from the nucleation at a surface [170], it describes the resistance
against nucleation into the grain. The model does, however, not include the
necessity of accommodating the slip on the side of the GB. A change in the barrier
for nucleation from the GB (for accommodating the slip) might therefore still
affect the maximum strength especially in the case of a well equilibrated GB
structure of high density.
Since we can exclude the composition dependent bulk material properties (con-
trolling the intragranular deformation) from causing the composition-dependent
increase in yield stress, we focus on the influence of the intergranular region in
the following. To resolve, whether the increased maximum stress for the inter-
mediate concentrations results from the introduction of solutes in general, or the
positional configuration, we evaluate the impact of chemical GB relaxation in the
next section.
6.1.2 Chemical grain boundary relaxation
Recently, Vo et al. [28] showed for NC Cu that the stress-strain behavior and the
respective contributions of different deformation mechanisms depend on the state
of GB relaxation of the sample. In order to elucidate the role of GB relaxation, we
first performed an additional mechanical cycling (loading/unloading) of three
times up to 2% strain in the elastic regime with one sample before doing the
actual tensile test. This mechanical equilibration step in addition to the annealing
treatment, however, did not change the stress-strain behavior of the sample as can
be seen in Fig. 24.
As mentioned above, the high strain rate applied in the simulation is another
factor that can affect the stress-strain behavior and possibly leads to an overshoot
in the stress-strain curve [54]. For verifying this, we repeated the tensile test
simulation at a 10 times lower strain rate, but find only a slight reduction of the
height of the overshoot (Fig. 24). This provides evidence that the profile of the
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Figure 24: Strain rate effects and mechanical equilibration: Stress strain behavior of a
(5nm, 40% Au) mechanically cycled sample (3 times to 2% strain) and deformed
at a different strain rate (10e7) as compared to the chemically equilibrated
structure. (One sample was only strained to 5% and did not fail where the
stress strain curve ends.)
stress-strain curve is more influenced by the characteristics of the sample before
deformation than by the suppression of thermally activated processes.
The fact that the overshoot occurs in the intermediate concentration range raises
the question whether it is only caused by the increased modulus of the material
or by some other property of the NC alloy. For answering this question, we
generated NC samples with different degrees of chemical equilibration (Table 2).
Table 2: Different sample types and the according states of equilibration
Type Equilibration
A structurally and chemically equilibrated by hybrid MD/MC method
B only structurally equilibrated random alloy
C same as Type A but chemically disordered GB
The fully equilibrated samples (Type A) were discussed in Sec. 6.1.1. The
samples of Type B were not chemically equilibrated. That is, the chemical ordering
and composition of the GBs was left in the as-prepared state of an homogeneous,
random solid solution similar to the bulk material. Additionally, we created
samples (Type C), where the compositional deviation of the GBs (Sec. 4.1.1), was
conserved, but the positioning of the different species within the GBs was chosen
at random. That is, the local composition was in accordance with the results from
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the chemical equilibration procedure, but the positional distribution of the solutes
within the GB was not.
The results of the successive straining simulations are shown in Fig. 25. As
mentioned above, the increase in modulus with increasing gold concentration
is less significant for the case of the not fully equilibrated samples (Type B and
C). Therefore we can reason that the stiffening also results from the chemical
relaxation of the grain boundaries.
Most interestingly, for the samples of Type B and C, the yield stress drops
massively and the profiles of the stress-strain curves become flat and similar to
pure Pd as can be seen for the case of 5nm grain size in Fig. 25 a). Note again that
we have only changed the distribution of the solutes and/or the chemical structure
of the GBs, but kept all other properties including the structural equilibration,
global composition etc., the same. This shows that the details of the element
distribution in the GBs play a very important role for the yield strength of this
miscible alloy.
Comparing the dislocation activity of the samples of Type A (Fig. 25 b)) with
the samples of Type B and C we can conclude, that the mechanisms within the
grains are not significantly affected by the chemical relaxation state. Especially
for the 15nm grain size, where dislocation mechanisms contribute significantly
to plastic deformation, we observe similar dislocation densities but a differing
maximum stress for the samples of Type A and the samples of Type B and C,
respectively.
This hints to the fact that the chemical relaxation leads to a low energy GB
configuration being more stable against yielding than the GB present in the
random alloy.
Monitoring the atomic volume in the GB as compared to the atomic volume
in a single crystal of identical composition (Fig. 25 c)) shows that the samples of
Type A have a lowered initial free volume in the GB than the samples of Type B
and C. A significant part of this lowered initial free volume is due to the varying
composition in the GBs, which can be seen while comparing Type B and C. During
the course of deformation, the free volume in the GB of sample Type A is raised
more significantly indicating a possible origin of a differing stress-strain behavior.
The relative change of the free volume in the GB (Fig. 25 d)) visualizes that for
the case of the samples of Type B and the samples of Type C, the change in free
volume in the GB does not deviate significantly from the behavior of pure Pd,
which is the case for the samples of Type A. This supports our hypothesis that
a GB structure stabilized by chemical equilibration is influencing the maximum
strength.
The additional stabilization by chemical equilibration within the GBs has to be
overcome to deform plastically resulting in an increased yield stress. That is, the
free volume in the GB which is related to the relaxation state of the GB has to be
increased more significantly in the GB of fully chemically equilibrated samples.
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Figure 25: Effect of chemical GB relaxation: Stress strain behavior a), partial dislocation
density b), atomic volume in the GB as compared to a singlecrystal c) and
relative change in atomic volume in the GBs d) for two different grain sizes
as a function of macroscopic strain for samples that were fully equilibrated
(Type A), samples that were only structurally and not chemically equilibrated
(Type B) and for structures, where the chemical order in the GBs was destroyed
(Type C).
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Figure 26: Restraining of the PdAu structures with 40% gold: Stress strain behavior a),
partial dislocation density b), twinning partial density c) and atomic volume in
the GBs d) for two different grain sizes and three different states of previous
loading and relaxation as a function of macroscopic strain (full lines). For
comparison, the data of the initial Type B and Type C samples (section 6.1.2) is
also included and shifted accordingly (dashed lines).
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For testing our hypothesis of the relaxation state of the GB controlling the
yield strength, we investigate the influence of plastic deformation on consecutive
deformation simulations in the following section.
6.1.3 Re-straining effects
The influence of the elemental distribution on deformation processes was studied
in more detail by comparing the macroscopic mechanical properties and the
defects within the structures for the case of fully equilibrated samples (Type
A) with samples that were strained to 6% and 10%, relaxed to 0pressure and
then tested by means of a tensile straining simulation. For the grain sizes of 5
and 15nm with 40% gold, the results are shown in Fig. 26. In order to facilitate
comparison with the initial samples of Type B and C (Sec. 6.1.2) the data is also
included and shifted accordingly. Note that the samples of Type B and C did not
undergo the pre-straining procedure.
For the case of 5nm grain size, re-straining a sample that was deformed to 10%
results in a stress-strain behavior similar to the case of the samples of Type B and
C (included in Fig. 26 to facilitate comparison) where the overshoot decreases and
strain softening is reduced (Fig. 26 a)). Re-straining a sample that was deformed
to a lesser extent (6%) results in a stress-strain behavior intermediate between
the chemically equilibrated structure and a sample that was deformed to 10%.
Hence, a gradual destruction of the equilibrated structure causes a lowering of
the maximum flow stress. For the 5nm sample, which deforms plastically by GB
mediated processes, we can therefore reason that chemical equilibration impedes
GB plasticity. If the chemical order is destroyed (e.g. by a preceding deformation)
or not reached in the first place (see Sec. 6.1.2), the sample approaches a steady-
state deformation regime. The change in free volume in the grain boundary
(Fig. 26 d)) supports this picture, where the re-strained samples start from a
higher initial value and converge to a steady-state deformation level. The detected
dislocations (Fig. 26 b, c)) also show an increase with increasing strain, but again
less significant and with more scatter as compared to the larger grain sizes because
of the contribution of GB dislocations as explained in Sec. 6.1.1.
For the samples with 10 and 15nm average grain size, where intragranular
deformation processes are more pronounced, the results are somewhat different
(Fig. 26). Here, the re-strained samples (after 10% strain), also show a reduced
maximum stress, but their stress-strain curves fall below the ones of the samples
of Type B and C (Fig. 26 a)). The deviation from the behavior observed for the
5nm grain size can be explained by the evolution of defects within the grains
of the samples. The grains within the initial, chemically or only structurally
equilibrated samples are defect free whereas the preloaded samples contain a
significant amount of planar defects and dislocations (Fig. 26 b, c)). Monitoring
the dislocation activity shows that for the case of 15nm samples, the increase in
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partial and twinning partial dislocation density (partial dislocations on stacking
fault or twinning fault planes) is more pronounced. The increase in twinning
partial dislocations can explain the observed softening as compared to the sample
of Type B and C based on an observation that was made for nanotwinned Pd
[186].
Besides the increase in partial and twinning partial dislocations also an increase
in free volume, plateauing in a steady state deformation level is observed for the
restrained samples of 10 and 15nm grain size.
We can therefore conclude that the relaxation state of the GB indeed controls
the maximum strength of our NC material. Most surprisingly, the relaxation state
has a significant influence also in the case of the 15nm samples, where dislocation
motion contributes significantly to plastic deformation.
The atomic free volume in the GB can, however, not explain the softening
as compared to the samples of Type B and C as observed for the 15nm grain
size (Fig. 26 d)), since the change in free volume is similar. Therefore the differ-
ences in the stress-strain behavior must be caused by the intragranular defects
(dislocations).
6.2 discussion
The stress-strain behavior of our model structures depend on the introduction
of miscible solutes, where the positional distribution of the solutes plays a key
role, while compositional deviations show a minor effect. For the case of fully
equilibrated structures (Type A, Fig. 22) a significant increase in stiffness and
strength is achieved by alloying. This effect vanishes for samples, which were not
chemically equilibrated (Type B, C), irrespective of the compositional deviation of
the GB (Fig. 25) and for samples, where the distribution of solutes is destroyed
by deformation (Fig. 26). The monitored dislocation and ISF densities are not
affected by the chemical equilibration. That is, the samples of Type B and C
show the same dislocation behavior as the fully equilibrated structures (Type A).
Thus, the observed differences in the stress-strain curves between the samples of
Type A and the samples of Type B and C must arise from changed intergranular
deformation mechanisms like GB sliding or from an increased nucleation barrier
for dislocation processes because of GB equilibration. This is confirmed by the
observed change in free volume in the GBs, where the fully equilibrated structures
(Type A) show an initially lower atomic volume in the GB which needs to be
raised more significantly in order to deform plastically.
Fig. 27 shows, that the observed maximum stress in the stress-strain behavior
correlates to the increase in atomic volume in the GB during deformation for all
observed relaxation states. The increase in atomic volume during deformation is
here defined as the ratio between the (plateauing) free volume during straining
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Figure 27: Correlation between maximum stress and the ratio between free volume during
straining and the initial free volume for 5 and 15 nm grain size and different
states of relaxation. Open symbols refer to the 5nm grain size and crosses to
the 15nm grain size. Shown is the data for the chemically equilibrated samples
(red, blue), the only structurally equilibrated samples (green, pink) and the
restrained samples (black, turquoise). The data of previously not presented
simulations (varying Au concentration from 10 to 90%) is also shown.
Figure 28: Schematic of the energetic state of the GB and its dependence on initial relax-
ation, GB segregation and deformation. The inset shows, how the energetic
state of the GB influences the barrier for the onset of plastic deformation or
the maximum stress, where properties of the bulk material play a minor role
(see text).
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and the initial free volume (Fig. 26 d)). That is, the more free volume needs to be
generated, the higher the maximum strength.
For the case of larger grain sizes, GB equilibration can, however, not explain
that the stress-strain curve for the re-strained samples falls below the stress-strain
behavior of the samples of Type B and C (Fig. 26 a)). According to our hypothesis
of the relaxation state of the GB controlling the maximum strength, one would
expect a similar stress level, independent on the way, in which the chemical order
in the GB was destroyed. Here, the dislocation analysis reveals that the observed
differences originate from the presence of defects within the grains. Fig. 26 shows
how the density of twinning dislocations depends on the condition of the material.
In the re-strained samples, the nucleation of twinning partials is facilitated by the
pre-existing stacking and twinning faults, resulting in a softening of the material.
This effect is in agreement with an observation that was made for nanotwinned
Pd [186].
According to our observations, one can reason, that the energetic state of the
GB is correlated to the free volume in the GB and depends on the treatment of the
structure and equilibrating processes (e.g. the positional configuration of solutes
within the GB). During the course of plastic deformation (Fig. 28), this energetic
state of the GB (and the atomic volume in the GB) has to be raised to a steady
state deformation level. The initial energetic state of the GB in turn controls the
barrier for the onset of the deformation mechanisms, which is correlated to the
maximum strength (inset of Fig. 28). The properties of the bulk material (e.g.
shear modulus, burgers vector) appear to have a less significant influence. For the
case of a grain size, where intragranular mechanisms contribute significantly to
plastic deformation, the initial density of defects within the grains also plays a
role.
6.2.1 Experimental evidence
Relaxation of GBs can experimentally be accessed by differential scanning calorime-
try (DSC). Here, GB relaxation is manifested through a large heat release in the
absence of grain growth (and significant hardening) as reported for NC Ni–W
[27].
In order to measure the relaxation of the GBs also for the presented Pd–Au
alloy, NC IGC samples were prepared, equilibrated and deformed at the Saarland
University and then tested in an heatflow differential calorimeter (DSC Q2000
from TAInstruments) [187]. Fig. 29 (a) shows the measured heat flow as a function
of temperature for the case of an as-prepared sample (initial) and a sample which
was annealed. For the initial as-prepared sample, a clear DSC signal prior to
grain growth is present. Grain growth then sets in at a temperature of about
200 ◦C as indicated by a large increase in heat flow. The annealed sample on the
contrary, which was tempered at about 150 ◦C, does not show the DSC signal
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Figure 29: DSC measurements of NC Pd–Au (16%) [187]. Heat flow as a function of tem-
perature for various sample conditions: (a) after initial preparation (“initial“,
red) and after GB equilibration (“annealed“, green); (b) after GB equilibration
(“annealed“, green) and after successive deformation to a total strain of 8.4
and 17 % (blue and pink, respectively). (Courtesy of M. Deckarm, C. Braun, K.
Schmitt, and R. Birringer.)
attributed to GB relaxation. This approves that as-prepared GBs are not in a
well equilibrated state, which can be achieved by thermal annealing below the
onset of grain growth. It also shows that once the GBs are equilibrated, no heat
release occurs prior to grain growth. Fig. 29 (b) shows the DSC measurements
after deformation to 8.4 and 17 % of strain, respectively. Obviously, the heat
release in the temperature range of GB relaxation is increased as compared to the
equilibrated sample [187]. This supports our finding from MD simulations, where
we showed that a well equilibrated GB structure offers an additional barrier to
deformation, which needs to be destroyed in order to deform plastically. The
observed shift of the signal attributed to grain growth after deformation is subject
of ongoing research.
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M O D U L AT I N G T H E F R E E V O L U M E I N T H E G R A I N
B O U N D A RY
In the previous chapter (Sec. 6) we showed that the free volume in the GBs is a
good measure of the equilibration state of a GB and controls the strength of a NC
microstructure. In Sec. 5.2 we showed for the case of segregating solutes and the
dilute limit that the free volume in the GBs scales linearly with the concentration
of the segregating solute as does the GB energy. Now we investigate the yield
strength of dilute NC Cu alloys.
For testing the influence of various segregating solutes on the deformation
properties of NC microstructures, NC Cu samples of 8 nm grain size consisting
of 38 grains were prepared and decorated with different segregating solutes
as described in Sec. 3. The samples were then tested in compressive straining
simulations as described in Sec. 2.5 at an engineering strain rate of 109 1/s.
7.1 stress-strain behaviour
7.1.1 Compositional effects
The segregating solutes, Nb, Fe and Ag were introduced into NC Cu samples
with average compositions varying from 0 to 1.9 at.% for Nb, 1.5 at.% for Ag,
and 1 at.% for Fe. The interatomic potentials introduced earlier (Sec. 2.1.2) were
employed, to describe the atomic interactions. The yield strength of the samples
was determined from stress–strain curves obtained in uniaxial compression. A
deformation rate of 109 1/s was employed, since calculations with a lower strain
rate (108 1/s) showed no qualitative difference. The yield strength is defined
here as the stress obtained using a 1% offset in the stress–strain curve, since this
represents the approximate strain at which the deformation becomes irreversible
in MD simulations [29].
In Fig. 30 the yield strength in NC Cu as a function of solute concentration
is shown for the three investigated alloys. The yield strength increases nearly
linearly with solute concentration up to 1.2 at.% for the three types of solute.
At larger concentration, the strength of the Cu–Nb samples shows a deviation
from the linear trend. The solute concentration in the GB at this transition point
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Figure 30: Yield stress as a function of composition for three different segregating NC Cu
alloys.
is 6 at.% for Cu–Nb, and solute–solute interactions at the onset of deformation
are likely to become significant. The yield strength of the sample with 1.2 at.%
Nb has increased by about 60% with respect to the pure sample, while for the
samples with 1.2 at.% Ag or Fe, the increase is about 30% and 20%, respectively.
These large increases in yield strength are remarkable considering the already
high strength of pure NC materials. For example, the strength of defect-free
single crystalline Cu deformed in compression along [1 0 0] is about 3.7 GPa
[188]. The strength of the NC Cu–Nb sample thus appears to be reaching the
value of this “theoretical“ strength of Cu. This observation is analogous to the
so-called Borisov model of diffusion [189], for which the activation energy for GB
diffusion increases to that of self-diffusion as the GB energy goes to zero. For
all three segregating solutes, the GB energy decreases nearly linearly with the
average solute concentration. It is observed, moreover, that the addition of about
1.9 at.% Nb (which corresponds to a concentration in the GBs of about 8.3 at.%)
leads to a reduction in the GB energy to about 0 eV/atom (Sec. 5.2).
The correlation between yield strength and specific GB energy is shown in
Fig. 31, where the yield strengths for all samples are plotted as a function of their
GB energy. The data for nearly all samples lies on a single curve. The correlation
between yield strength and GB energy is next explained using the simple model
introduced in [28] to explain the dependence of flow stress on grain size and GB
energy. In that model the flow stress was written in the form
1
σ
=
1
k1 + k2/
√
d
·
(
1− NGB
Ntotal
)
+ k3 · EGB · NGBNtotal (7.1)
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Figure 31: Yield stress as a function of GB energy for the three studied NC Cu alloys,
where different grain sizes are compared for the case of Cu–Nb (see text).
where σ is the flow stress, d is grain size, k1, k2 and k3 are fitting parameters,
EGB is the specific GB energy, and NGB and Ntotal are the number of atoms in the
GBs and the total number of atoms, respectively. The two terms on the right-hand
side of Eq. (7.1) represent a competition between traditional Hall–Petch hardening
and GB softening. For samples with a large ratio, NGB/Ntotal (small grain size),
the second term dominates, while the first term dominates for samples with
relatively few GB atoms (large grain size). Eq. (7.1) was shown to fit well to a
large data set obtained for different grain sizes and thermal annealing times [28].
At small strains of 4-5%, GB sliding is known to predominate, and the second
term is far more important [29, 50, 190]. The stress in Eq. (7.1) refers in the present
work to the yield stress, i.e., small-strain regime, and consequently the inverse
yield stress should scale almost linearly with EGB · (NGB/Ntotal) where, for pure
samples, EGB is assumed constant ( 0.085 eV atom−1). As shown in Ref. [29], NGB
decreased during thermal annealing due to GB relaxation, and not to a change
in grain size. Eq. (7.1) then requires only a single fitting parameter (k3), and the
yield strength does not depend simply on grain size. In contrast to previous work
using thermal annealing, NGB/Ntotal is now left nearly constant ( 0.25), and EGB
is systematically varied by injecting solute into the GB. NGB/Ntotal varies by less
than 10% in the different samples, since the solute concentration is small. All
samples have the same grain size and are annealed for the same amount of time.
Fig. 31 demonstrates that the predicted scaling of yield strength with specific GB
energy, EGB, remains valid for these alloys. As an additional test of this model,
NC Cu–Nb was created with two other grain sizes, 4 and 15 nm. Yield stresses as
a function of EGB of these samples doped with different amounts of Nb solute by
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Figure 32: Efficiency of segregating solutes: Effect of the introduction of solutes on the
GB energy an the yield strength for the studied NC Cu alloys as a function of
atomic size mismatch.
the hybrid MD/MC method are also plotted in Fig. 31. The EGB for these samples
has been scaled, however, by NGB/Ntotal for comparison with the 8 nm samples.
These data fit very well with the trend of the 8 nm samples. Simulations at a
lower strain rate (1× 108s−1) showed the same trend, although the absolute value
of the yield strength decreased by about 10%.
In the previous chapter (Chap. 6), we showed that the strength of NC Pd–Au
alloys scale with the GB volume. As discussed above, the yield stress in pure NC
Cu scales with NGB and thus scales also directly with GB volume. For the alloys,
NGB is no longer a valid measure of GB volume, since the different solutes have
different atomic volumes. Here, however, a linear scaling between specific GB
energy and specific GB volume was observed (Sec. 5.2). The linear relationship
between these two quantities implies that the yield strength can be described
either in terms of the GB volume or in terms of the GB energy for the presented
case of segregating solutes.
7.1.2 Efficiency of segregating solutes
Lastly, we comment on the efficiency of each type of solute for increasing the
yield strength. Plotted in Fig. 32 are the decrement of GB energy (dEGB/dc)
and the increment of yield strength (dσy/dc) as a function of lattice constant
increment (da/dc) in single-crystalline Cu, i.e., lattice mismatch. The nearly
linear trend shows that strength increases nearly proportionaly to the atomic size
74
7.2 discussion
mismatch. The finding, that strength increases with increasing atomic volume of
the solute, agrees with the results of Ref. [108], where Lennard-Jones potentials
were employed.
7.2 discussion
We could show for solute-doped NC Cu samples that (i) GB energy decreases
as solute concentration increases, and (ii) the yield strength scales with the GB
energy (and the GB volume). We revealed, moreover, that the GB energy depends
on the type of solute in the GB. Solutes with a large size mismatch are more
effective in reducing GB energies. The results suggest a new scaling behavior for
the onset of plasticity in NC materials, one that is controlled not by the grain
size alone, but by a combination of both the molar fraction of GB atoms and the
degree of GB relaxation, as measured by the specific GB energy or the specific GB
volume of the sample.
Our results fall in line with experimental results, where an increase in hardness
was observed after annealing and GB segregation for the case of NC Ni [104].
Furthermore, a linear dependence between the mechanical strength of NC Cu
and the amount of introduced Nb was reported also experimentally [175], where
precipitation hardening could be excluded and GB hardening was suggested as
explanation.
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Part IV
C O N T R O L L I N G D I S L O C AT I O N M O T I O N A N D
A C T I V I T Y

In Sec. 6, we showed that the equilibration state of the GB has a significant
influence on the macroscopic mechanical properties of NC alloys. Now we
will study, whether the movement of dislocations in the grain interior is
affected by the presence of solutes in a similar manner as observed for CG
material.
Furthermore, it needs to be resolved, if dislocation motion in the grain interior
is crucial for the ductility of NC samples. This is done studying intermetallic
phases, where only GB mediated plasticity occurs.
The following section therefore deals with solid solution strengthening in NC
metals and with plastic deformation of NC alloys where dislocation motion is
prevented by grains consisting of an intermetallic phase.

8
S O L I D S O L U T I O N S T R E N G T H E N I N G
Regarding the mechanical properties of disordered NC Ni–Fe alloys several
experimental observations are reported. NC disordered Ni–Fe (5.6 % Fe) with
an average grain size of 10 nm showed a tensile yield strength in the order of
2 GPa and an increase in strength after annealing even though some grain growth
was observed [191]. It was reported that plastic deformation processes in NC
Ni–Fe (15 % Fe) undergo a transition with applied strain, where at low strains
the strain is mainly accommodated by the grain boundaries while at large strains
dislocation motion becomes dominant [190]. It is, however, not clarified, whether
the observed strengthening results from conventional solid solution strengthening.
The interaction between substitutional solutes and dislocations can be explored
by independently modulating the composition inside the grain interior. In this
section, we present deformation simulations of disordered NC Ni–Fe. Samples
with 5 nm and 15 nm average grain size were constructed (Sec. 3), characterized
(Sec. 4) and tested in tensile straining experiments as described in Sec. 2.5. Several
cases, where the composition in various parts of the microstructure is modified
individually are compared.
8.1 random alloy (15 nm): varying the grain composition
For CG material, the strengthening effect of substitutional solutes (i.e. solid
solution strengthening) is widely known. In order to investigate, whether substi-
tutional solutes in the grain interior have an effect on the macroscopic mechanical
properties for the case of a NC solid solution, samples with differing composition
inside the grains but identical GB (composition and structure) were compared.
The initially equilibrated structure was identical for all cases with a concentration
of 20 % Fe in the GBs. Different amounts of Fe (5 %, 15 % and 25 %) were then
distributed randomly in the grain interior prior to deformation.
Fig. 33 shows slices through the initial microstructure for two different com-
positions, where the random distribution and differing amount of solute in the
grain interior is visualized. Fig. 33 furthermore shows the stress-strain behavior
and the evolution of dislocations in the microstructure under tensile load. Here
it can be seen that a differing composition of the grain interior but identical GB
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Figure 33: Stress-strain behavior and dislocation density for structures of 15 nm grain
size, which were equilibrated by the hybrid MD/MC scheme at a global
composition of 25 % Fe. The distribution of solutes in the grain interior only
was then randomized and the composition inside the grains was changed prior
to deformation. The data for three different concentrations inside the grains is
shown. Additionally, two snapshots of the initial configuration visualize the
solute distribution for two different compositions. Color coding is identical to
Fig. 15.
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8.2 random alloy (15 nm): varying the grain boundary composition
structure (and composition) has little effect on the macroscopic behavior. Neither
the stress-strain behavior nor the dislocation density show a dependence on the
amount of solute, distributed randomly in the grain interior. The dislocation
density for all cases, however, drastically increases during straining. This indi-
cates, that for this grain size dislocation motion significantly contributes to plastic
deformation, which is consistent with expectations [50]. An effect of differing
solute concentrations on the mobility of dislocations, e.g. a pinning effect could
therefore be expected, but is not observed. For the presented case, the stresses
required for dislocation nucleation from the GBs are, however, so high that solutes
inside the grains do not provide an effective barrier for dislocation motion.
8.2 random alloy (15 nm): varying the grain boundary composi-
tion
The delicate interplay between solute distribution and mechanical response of this
NC alloy was further studied on samples, where the random solid solution inside
the grain interior was held at a constant composition of 25 % Fe, but different
amounts of solute were introduced into the GB during equilibration. That is,
the NC structures were equilibrated via the MD/MC scheme at differing global
compositions and the grain interior was then adjusted to a random solid solution
with a constant composition (prior to deformation). Fig. 34 shows snapshots of
a representative grain and the surrounding GBs inside the microstructure for
two different cases, where a similar distribution of solutes is present inside the
grains, but the GB composition is varied. The corresponding stress-strain behavior
(Fig. 34) reveals, that there is a dependence on the amount of solute added to
the GB via the MD/MC scheme, while the evolution of dislocations stays similar
for all cases and is therefore not affected. The effect of different amounts of
solute in the GB is more pronounced for the onset of plastic deformation. This is
consistent with other studies, where it was reported that during the initial stages
of deformation, GB plasticity contributes more significantly to the overall plastic
deformation [50].
Similar to the case of a completely miscible system (Sec. 6), the amount of
solutes inside the GB and the equilibration state of the GBs is controlling the
strength of this NC alloy.
8.3 discussion
From the structures with an equilibrated GB and a random solid solution of
varying composition inside the grain interior, we find, that there is little effect of
the composition of the grain interior on the macroscopic mechanical properties.
The DXA [158] reveals, that there is a considerable amount of dislocation activity
inside the grains, which is in accordance with expectations for this grain size
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Figure 34: Stress-strain behavior and dislocation density for structures of 15 nm grain size,
which were equilibrated by the hybrid MD/MC scheme at different global
compositions (22, 25 and 29 % Fe). The distribution of solutes in the grain
interior only was then randomized with a constant composition of 25 % inside
the grains prior to deformation. The data for three different concentrations in
the GB is shown. Additionally, two snapshots of the initial configuration visu-
alize the solute distribution for two different GB compositions. Additionally,
the snapshots of the atomic configuration at the according strain visualize the
onset of intergranular fracture. Color coding is identical to Fig. 15.
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[50]. It is concluded that solid solution hardening is not present in the described
structures. The stresses, necessary for GB sliding and dislocation nucleation
obviously exceed the stresses required for dislocation motion even in the presence
of substitutional solutes.
We can furthermore conclude, that the barrier for dislocation nucleation is
also not controlling the strength of the material. The barrier for the nucleation
of dislocations, which is controlled by the GPFE and changes with composition
(as shown in Sec. 5) apparently does not affect the mechanical response of the
structures (Fig. 33).
From the samples with an equilibrated GB of varying composition and a
random solid solution with constant composition inside the grains (Fig. 34),
we observe, that the composition of the GB has an effect on the macroscopic
mechanical properties. Here, an excess in Fe strengthens the structure, while a
depletion in Fe decreases the strength. This is consistent with findings for miscible
systems, where a maximum in the strengthening effect of solutes was observed for
intermediate compositions (Sec. 6). Since the dislocation density inside the grains
does not change also for this case, the differing strength must therefore result from
the state of the GB. The drastic increase in dislocation density, however, shows
that a large fraction of plastic deformation is carried by intragranular defects.
This could explain, why the difference in the response vanishes for larger strains,
where intragranular defects contribute more significantly, which is reported also
from experiment [190].
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S U P P R E S S E D D I S L O C AT I O N A C T I V I T Y
In metal alloys with a tendency for chemical ordering, like i.e. intermetallics,
grain refinement to the nanometer scale has been considered as a possible route
for achieving room temperature ductility in this otherwise brittle class of ma-
terials [192, 193]. The underlying assumption is that for very small grain sizes
plasticity can be carried by GB mediated processes rather than by energetically
expensive superlattice dislocations [194, 195]. The experimental realization of a
NC microstructure of an ordered alloy, however, strongly depends on the route
of preparation. For electrodeposited NC Ni–Fe alloys (up to 28 % Fe) a solid
solution with no chemical order was observed [166]. In Ni3Al, a partially ordered
state was found after rolling at liquid nitrogen temperature to obtain a nanometer
grain size [196]. In nanostructured Ni3Al processed by ball milling [197] or high
pressure torsion [198], on the contrary, a complete loss of order is observed during
preparation. Grain refinement by SPD of B2 FeAl leads to a partial destruction of
the long range order and the formation of ordered nanodomains with a size of
about 2 nm, which can grow to the size of grains upon heating and restore the
order [199].
In this chapter, we present deformation simulations of L12 ordered NC Ni–
Fe. Samples with 5 and 15 nm average grain size as presented in Sec. 3 and
Sec. 4 are tested in tensile straining experiments (Sec. 2.5), where different global
compositions are compared.
9.1 ordered alloy (15 nm): varying the grain boundary composi-
tion
For the case of an ordered grain interior, dislocation processes are suppressed,
since the nucleation of superdislocations cannot be expected for the presented
strain rates and no fcc-like slip planes are available in the L12 structure. The
structures with an ordered grain interior as obtained by equilibration via the
MD/MC scheme are therefore expected to deform mainly by GB mediated
processes. Fig. 35 shows the stress-strain behavior and evolution of dislocations
under tensile load for the structures of 15 nm grain size and varying composition.
Obviously, the stress-strain behavior has a clear dependence on GB composition,
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Figure 35: Stress-strain behavior and dislocation density for structures of 15 nm grain size,
which were equilibrated by the hybrid MD/MC scheme at different global
compositions (22, 25 and 29 % Fe). The snapshots of the atomic configuration
at the according strain visualize the onset of intergranular fracture. Color
coding is identical to Fig. 15.
while dislocation activity is suppressed. The yield stress is also here increased for
the case of a structure with GBs enriched in Fe and decreased for a structure with
GBs fully depleted in Fe. This is similar to the case of a disordered grain interior
as reported above, but even more pronounced.
At the onset of plastic deformation, however, intergranular fracture occurs
within the presented structures. This is visualized in the snapshots shown in
Fig. 35, where slices through the atomic configuration are presented for various
stages of deformation. Apparently, suppression of dislocation activity inside the
grain interior leads to intergranular fracture, since GB mediated processes cannot
be accommodated in samples with relatively large grains (15 nm).
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9.2 ordered alloy (5 nm): varying the grain boundary composition
Since the suppression of dislocation activity leads to intergranular fracture for
the 15 nm grain size, the data for the 5 nm grain size is presented here, where
a larger contribution to plastic deformation by GB mediated processes can be
expected. Fig. 36 shows the corresponding stress-strain behavior, evolution
of dislocations and change in GB volume under tensile load. Representative
slices through the microstructure at 10 % total strain are shown, which indicate
that intergranular fracture did not occur for the structures with a grain size
of 5 nm. From the stress-strain behavior, we find a strong dependence on the
GB composition. The dislocation density reveals, that this is not caused by the
evolution of intragranular defects, what is consistent with expectations based on
the small grain size. Monitoring the state of the GB in terms of the GB volume
(VGB) shows that there is a strong similarity between the evolution of the GB
volume and the stress during straining.
The analysis of data for the 5 nm grain size pronounces the observations made
for the larger (15 nm) grain size. For the presented material, the configuration of
the GB controls the mechanical properties in the nanometer regime.
9.3 controlling the strength - state of the grain boundary
For quantifying the relaxation state of the GB, we compute the change in GB
volume during straining. In Fig. 36, it can be seen that the trend in the evolution
of the GB volume and the stress during straining are quite similar. The correlation
between the yield stress of the material and the change in GB volume at the yield
point is analyzed in order to quantify the relation between the onset of plastic
deformation and the increase in free volume in the GBs. Experimentally, it was
observed, that the 0.2 % offset cannot be used as a yield criterion for NC metals
(NC Ni–Fe) [190]. From in-situ X-ray peak profile analysis it was reported, that the
transition from micro- to macroplasticity rather occurs around 0.7 % for NC Ni
[200]. We therefore took the 0.7 % offset as a yield criterion for the presented data
and extracted the yield stress as the stress at a plastic strain of 0.7 %. For the same
plastic strain, the change in GB volume was extracted from the data. (It shall be
noted, that the results are rather insensitive to the choice of the offset or employing
the maxima in the stress-strain behavior as a criterion for yielding.) Fig. 37 shows
the correlation between the yield stress and the change in GB volume. Obviously
the data for different stages of equilibration and different stages of ordering falls
on the same trend. Remarkably, even the data for different grain sizes lies on the
same trend, irrespective of the state of the grain interior. (The data for structures,
which were not discussed in detail is also shown.) It becomes evident, that the
state of the GB and therefore the necessary increase in free volume controls the
yield strength of the material. This is consistent with the observations made for
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Figure 36: Stress-strain behavior, dislocation density and evolution of GB volume for
structures of 5nm grain size, which were equilibrated by the hybrid MD/MC
scheme at different global compositions (15, 25 and 35 % Fe). The representative
slices through the microstructure at a total strain of 10 % visualize, that no
intergranular fracture occurred. Color coding is identical to Fig. 15.
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Figure 37: Correlation between yield stress (stress at plastic strain of 0.7 %) and the
change in GB volume during deformation for 5 and 15 nm grain size and
different states of relaxation. Open squares refer to the data for 5nm grain size
and crosses to the data for 15nm grain size. (Also data for samples, which
were not discussed in detail is shown here.)
the miscible systems (Sec. 6) and observations on materials where dislocation
slip is completely inactive (ultrananocrystalline diamond), where it was observed,
that the yield stress scales with the stress required for GB sliding [201].
9.4 discussion
Suppressing dislocation motion by leaving the grain interior in the energetically
favored, ordered state resulted in a strong dependence on GB composition. For
the 15 nm grain size, however, an ordered grain interior also leads to intergranular
fracture. The processes in the GB can apparently not accommodate themselves for
this grain size and dislocation activity is required to deform plastically. Ductility
could here be conserved by increasing the volume fraction of the GBs, i.e. by
a smaller grain size. For the 5 nm samples, we find no intergranular fracture
during straining and a strong dependence of strength on GB composition. For
the 5 nm grain size, where GB mediated processes contribute stronger to plastic
deformation, the material stays ductile also for the case of ordered grains. Here,
the macroscopic mechanical properties are controlled by the state of the GB only.
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Part V
C O U P L E D M O T I O N V S . M E S O S C O P I C S L I D I N G

After identifying the state of the GB and the GB mediated processes as the
controlling parameters of the deformation in NC alloys in the preceding
chapters, we will now discuss the delicate interplay between individual grain
boundary processes.
For the case of stress coupled GB motion and mesoscopic GB sliding, it is
explored, how they contribute to plastic deformation. Since mesoscopic GB
sliding relies on the alignment of several neighboring GBs and stress coupled
motion leads to the normal motion of a given GB, the two processes exclude
each other or at least compete as potential deformation processes.
Here it is of interest to resolve, how the two processes contributes to room
temperature deformation. Furthermore it needs to be understood, how the
competition between the processes is affected by the presence of solutes in the
GBs, since segregating solutes can affect both, stress coupled motion as well
as GB sliding.
Therefore the following chapter discusses the competition between coupled GB
motion and mesoscopic sliding in terms of their contribution to plastic defor-
mation, the underlying atomistic processes and the way, they are influenced
by different segregating solutes in the GBs.

10
S T R E S S C O U P L E D M O T I O N A N D M E S O S C O P I C S L I D I N G
Besides conventional dislocation activity, deformation modes in NC metals include
GB sliding, grain rotation and normal GB motion (Sec. 1.3). It has been suggested
that intergranular mechanisms can accommodate each other [202], which is
decreasing the necessary amount of intragranular deformation as accommodation
processes to ensure geometric compatibility.
Figure 38: Schematics of aligned GBs in a
microstructure. (On the basis of
Materials Science and Engineer-
ing A 381, 28 (2004), © 2004, with
permission from Elsevier.) Red ar-
rows indicate mesoscopic GB slid-
ing along a subset of aligned GBs
as described in Ref. [203, 204];
green arrows indicate stress cou-
pled normal GB motion as de-
scribed in [205, 202].
Furthermore, it was proposed that
GB sliding can expand to a mesoscopic
scale [203]. That is, neighboring grains
can slide with respect to each other on
distances typically exceeding the grain
diameter (Fig. 38). This model was
used to explain the observed deviation
from the extrapolated Hall-Petch rela-
tion [206]. Microstructural evidence
for the alignment of neighboring GBs
is reported from experiments [207, 208]
and simulation [209]. In general, the
mechanism of mesoscopic GB sliding
requires the alignment of neighbor-
ing GBs and the conservation of the
orientation relation of adjacent grains
throughout the course of deformation.
Distinct from pure shearing, GBs can
also contribute to plastic deformation
by their normal motion [205, 78]. This
normal motion of the GB can couple
to a shear component and vice versa,
where a non-zero degree of coupling
has been determined for a variety of
general GBs [202]. Evidence for cou-
pled motion in NC microstructures is
also reported from experiment and simulation [78, 38, 79, 210].
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stress coupled motion and mesoscopic sliding
The magnitude of normal GB motion, however, depends on the orientation of
opposing grains (the coupling factor of the resulting GB) and therefore varies
along a mesoscopic slide plane consisting of grain boundaries of various types.
Consequently, an alignment of GBs can also be destroyed by coupled motion as
visualized in Fig. 38, where the two modes of deformation are indicated.
In this chapter, we use MD for investigating this problem. We perform a
detailed analysis of the processes of deformation and the evolution of defects
throughout straining and investigate the interplay of mesoscopic GB sliding and
coupled GB motion.
10.1 design of the microstructure
Padmanabhan et al. have suggested, that below a certain grain size in the
lower nm range, boundary migration (and alignment) takes place entirely by
diffusion [206, 211]. For the method used in the presented work, the time scales
necessary for diffusion assisted GB migration are, however, not accessible. Thus,
we started with specially designed microstructures shortcutting the process of
initial alignment. To model bulk material, periodic boundary conditions were
applied in all directions.
In order to investigate the influence of a potential mesoscopic slide plane on
the mechanical properties, two distinctly different microstructures were prepared
as described in Sec. 3.
In one case the positions of the grain centers were chosen such that a subset
of the resulting GBs is aligned along a mesoscopic sliding plane which fully
intercepts the microstructure (in accordance with periodic boundary conditions).
The sliding plane is oriented under an angle of 45 ◦ with respect to the loading
direction and therefore parallel to the direction of maximum resolved shear
stress, favoring GB sliding within the plane. The structure consists of 24 grains of
about 10nm in diameter. The microstructure is expected to facilitate mesoscopic
GB sliding due the presence of an appropriate sliding plane. This sample will
be referred to as sample type A in the following, a slice through the initial
microstructure is shown in Fig. 39.
In the second case, the grain centers were positioned on a fcc superlattice in
order to obtain a unimodal size distribution. This structure is expected to show a
high resistance against (mesoscopic) GB sliding, since any GB, which is oriented
parallel to the direction of maximum resolved shear stress is aligned with grain
centers of neighboring grains. GB sliding in this microstructure has therefore to
be accommodated by a high amount of intragranular deformation in neighboring
grains. The structure consists of 32 grains of about 10nm in diameter. This sample
will be referred to as sample type B in the following.
The orientation relation between neighboring grains (also along the potential
sliding plane) was chosen at random, where low angle configurations were
98
10.2 stress-strain behavior and deformation mechanisms
suppressed. By studying multiple grain orientations (not shown) it was excluded,
that the presented structure shows a singular behavior caused by the special
arrangement of grain orientations.
Table 3: Different sample types and the description of the according microstructure
Type Microstructure
APd, ACu A subset of GBs is aligned along a potential sliding plane
(see Fig. 39; the subscript denotes Pd and Cu, respectively).
BPd, BCu The grain centers are positioned on a fcc superlattice; the
subscript denotes Pd and Cu, respectively.
Table 3 summarizes the different sample types and their respective microstruc-
tures described before.
After preparation and successive relaxation samples were deformed under
uniaxial tensile and compressive load (as described in Sec. 2.5) at 300 K with a
constant engineering strain rate (108 1/s). For distinguishing atoms located in
GBs from atoms in the grain interior the CNA was used (Sec. 2.4.2). Extraction of
dislocation structures from the atomistic data was done using DXA (Sec. 2.4.4).
10.2 stress-strain behavior and deformation mechanisms
The observed stress-strain behavior for the two studied microstructures under
tensile and compressive load is shown for Pd in Fig. 39. For the case of NC Cu
(not shown) a similar trend is observed. Independent of the loading condition, the
structure of type B exhibits a higher yield strength as compared to the structure
of type A, where the mesoscopic slide plane offers an additional deformation
path. In addition, the latter sample also shows a stronger tension-compression
asymmetry than sample B having no mesoscopic slide planes. This trend is ob-
served for both materials, Pd and Cu. The processes carrying plastic deformation
in sample type A are therefore considered to be more sensitive to an applied
pressure as compared to the processes being active in samples of type B. Most
interestingly, samples of type A undergo a significant amount of strain hardening
after yielding and approach the strength of samples of type B during the course
of deformation. Close inspection of the microstructure and atomic displacements
reveals, that samples of type A deform mainly via coupled GB motion and GB
sliding. The contribution by the former destroys the initial alignment of the GBs,
making sliding more difficult and therefore leads to the observed strain hardening.
From the slices through the microstructure after 10% of strain (Fig. 39) it can be
seen, that the subset of GBs which was aligned prior to deformation does not stay
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Figure 39: Microstructure and stress-strain behavior of nc Pd for different structures
and loading conditions. The stress-strain behavior of sample type A under
tension and compression is shown in red, solid line; the stress-strain behavior
of sample type B is shown in green, dashed line. The upper slice shows the
initial microstructure with an aligned subset of GBs (Type A). White denotes
atoms in a fcc environment, black denotes atoms in a disturbed environment
and grey denotes atoms adjacent to a stacking or twinning fault (according
to CNA [152]). In the lower slices the structure of type A is shown after
deformation under tensile (left) and compressive (right) load, respectively.
(Structures are rescaled to initial dimensions to facilitate comparison.) Analysis
and visualization was carried out, using OVITO [165].
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aligned during the course of deformation. Several GBs move out of their initial
position by normal motion. Comparing the microstructures for the two different
loading conditions demonstrates that the normal motion must couple to the ap-
plied shear, since it reverses direction for a change in the loading direction. This
finding demonstrates that coupled GB motion can hinder mesoscopic GB sliding
by normal motion of neighboring GBs in opposite directions, which suppresses
and/or destroys GB alignment. Since a wide range of GBs show coupled motion
[202], this effect is expected to efficiently retard mesoscopic GB sliding in pure
metals. Coupled GB motion therefore leads to the observed strengthening, where
potentially aligned GBs are eliminated and a behavior similar to a structure with
maximum resistance (sample type B) is observed.
10.3 mechanism of stress coupled grain boundary motion
For the case of symmetric tilt GBs atomic processes of coupled motion and the
according coupling factors were analyzed in detail by Cahn et al. by atomistic
bicrystal simulations [202]. Velasco et al. [210] integrated one GB, for which the
occurrence of normal motion was reported from bicrystal simulations [109], into
a 3-dim. NC microstructure and found also evidence for coupled motion. The
reported coupling factor of the integrated GB was comparable to the one reported
from the bicrystal simulations.
For the microstructure studied here, the coupling factor of a particular GB was
estimated from the motion of marker lines during deformation (Fig. 40). For the
examined GB, which moves by normal motion during straining, the misorientation
angle is 33 ◦ but of general type with a (nonsymmetric) tilt and a twist component.
Most interestingly, the estimated coupling factor of 0.5 is close to the value of 0.6
reported for a symmetric tilt GB (Σ53(720)) with a misorientation angle of 32 ◦ by
Cahn et al. [202] and is similar for the two studied materials. Given the differing
character of the GB, where only the tilt component of the boundary is expected to
lead to normal motion [212] and the observed non-planarity, which complicates
an exact measure of the coupling factor, this is in fair agreement with the findings
by Velasco et al. [210]. The result shows that the coupling of a GB is not severely
hindered by the presence of triple lines and quadruple junctions.
For analyzing the precise nature of coupling in a 3-dim. microstructure the
position of two test areas in the GB was tracked over time during the course
of deformation at 300 K and 50 K temperature. The results for a test area of 9
and 49 nm2 are shown in Fig. 41, respectively, together with the data for the low
temperature deformation. It can be seen, that, irrespective of the applied temper-
ature, the magnitude of normal motion is similar for all datasets. Furthermore,
the movement of the GB occurs in a stick-slip fashion, which is as well consistent
with the data for the symmetric tilt GBs reported by Cahn et al. [202] from
bicrystal simulations and results from experiments, where a stick-slip movement
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Figure 40: Coupled GB motion: Example of a GB with a misorientation angle of about
33◦ which moves by coupled motion for the two studied pure metals, Cu and
Pd. The upper snapshot shows the initial configuration, the lower snapshot
shows the same slice of the microstructure at 10 % total strain. Marker lines
are introduced to facilitate analysis. They are labeling the atoms (initially)
aligned with the potential mesoscopic slide plane and perpendicular to it,
respectively. From the evolution of the position of the marker lines during
straining, a coupling factor of 0.5 can be estimated.
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of GBs was observed by in-situ HREM [213]. The observed characteristic length
scale of normal GB motion, ∆r ≈ 0.2 nm (Fig. 41) is again of similar size as the
characteristic increments of normal GB displacement reported for the bicrystals
[202]. This characteristic increment is similar to the NN distance in the direction
of motion of the GB as visualized in Fig. 41. The stick-slip behavior is more
pronounced for smaller test areas of the GB, indicating that the normal motion of
the GB is not happening uniformly over a large area but rather occurring through
the successive movements of small fractions as suggested by Cahn et al. [202].
By varying the size of the test area, the critical nucleus size, i.e. the fraction of
the GB which appears to move uniformly was estimated to be in the order of
10 nm2. The atomistic processes, leading to normal motion of general GBs within
a microstructure can therefore be considered to be very similar to the case of sym-
metric tilt GBs reported for bicrystals [202]. A characteristic structural unit could,
however, not be identified for the presented case. From the configuration of the
GB at various stages of deformation (Fig. 41) different potential constraints which
might hinder normal motion can be observed. They range from disconnections
in the GB (which are also discussed for the bicrystals [202]) to atomic clusters,
which need to be rearranged.
From experiments on bicrystals it was reported, that coupled motion of a GB
of general character can lead to the rotation of neighboring grains versus each
other [212] and it was argued, that the coupling factor remains unchanged being
dependent on the tilt component only, while the rotation couples to the twist
component of the GB. For the presented GB, no rotation of the grains versus each
other was observed. This might, however, be due to the constraints imposed by
the surrounding microstructure, suppressing grain rotation at the imposed strain
rate and temperature.
10.4 discussion
For the case of the pure metals, the presence of a mesoscopic sliding plane de-
creases the yield strength of the material for tensile and compressive deformation.
This is confirmed by comparison with a reference structures, where grain cen-
ters were positioned on a superlattice and thus present a case with maximum
resistance to mesoscopic GB sliding. For both studied materials (Cu and Pd),
the mesoscopic slide plane is destroyed during the course of deformation. This
occurs by stress coupled GB motion showing a reversed direction of the normal
GB motion under a reversed resolved shear stress. Coupled GB motion therefore
contributes to room temperature deformation in the presented NC microstructure.
It furthermore suppresses mesoscopic GB sliding, since it destroys the major
prerequisite, an aligned subset of neighboring GBs. This occurs only if neighbor-
ing GBs have a differing coupling factor. Since neighboring GBs are expected to
have a random orientation relation and the coupling factor varies significantly
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Figure 41: Upper line: Displacement as a function of time for one GB moving by normal
motion in pure nc Cu. The data for a sample area of 49 and 9 nm2, respectively
of the same GB is shown. For the case of a sample area of 49 nm2, data for
straining at 50 K is also included. Lower line: Slices through the atomistic
configuration of the selected GB at different time steps, where the GB is pinned
and has to overcome configurational barriers. The initial position of the GB is
indicated in blue, the GB configuration at the according time step is indicated
in red. To facilitate comparison, the characteristic length scale of the stick-
slip displacement and the lateral length of the smaller sample area are also
included.
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with the character of the GB [202], a random distribution of coupling factors
for neighboring GBs is conceivable. The development of mesoscopic sliding as
room temperature deformation mechanism in NC microstructures is therefore
significantly hindered by coupled GB motion. Concerning the precise nature
of coupled motion, we find that characteristic coupling factor and the stick-slip
fashion of normal motion are in good agreement with results of GBs in a bicrystal
of similar misorientation. We furthermore find that GBs do not move uniformly
and planar, but fractionwise, where the characteristic size for one example was
estimated to be in the order of 10 nm2. The observed mechanisms are not specific
to the studied material (NC Pd and NC Cu), but can be expected to be operational
in all polycrystalline metals, where GB motion contributes to plastic deformation
and there maybe hereto overlooked situations where stress-driven GB motion
influences the mechanical response and microstructure stability [9].
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T H E E F F E C T O F S E G R E G AT I N G S O L U T E S
Mesoscopic GB sliding and coupled GB motion can hardly coexist as discussed in
the previous chapter (Sec. 10). The former requires an alignment of GBs during
deformation while the latter destroys any potential GB alignment by normal
motion. The interplay between the two distinct modes of GB mediated plasticity
is, however, complicated by the presence of solutes. Located in the vicinity
of the GB solutes can prevent both, normal GB motion as well as GB sliding
[108, 109, 110]. It was shown experimentally and by simulations that solutes
can hinder normal GB motion [110, 112] and increase the necessary stress for
coupled GB motion [113, 109]. Additionally, it was observed that segregated
solutes can increase the resistance of GB with respect to sliding mechanisms [108].
The balance between these two competing modes of deformation in the presence
of solutes and impurities is discussed in this section.
11.1 design of the microstructure
In order to study the influence of segregating solutes on the interplay between
coupled GB motion and mesoscopic GB sliding, identical microstructures as in
the previous chapter (Sec. 10) were used. For the microstructure of type A (with
a mesoscopic slide plane), two different ways of introducing solutes (Sec. 3) into
the NC Cu microstructure were compared. Table 4 summarizes the different
sample types. For the samples of type CuNbrand and CuFerand, atoms located
in the GBs (according to CNA [152]) were chosen at random and their chemical
identity was changed to Nb or Fe, respectively prior to relaxation. Afterwards
structural relaxation by MD was carried out at 600K for 1ns at zero hydrostatic
pressure following the same procedure as for the pure material. Slices through the
initial microstructure of type CuNbrand are shown in Fig. 42, for type CuFerand in
Fig. 44.
For another set of samples, the hybrid MD/MC scheme (Sec. 2.3) was utilized
for introducing the solute atoms. Here, relaxation and alloying was performed si-
multaneously at 600K for 1ns at zero hydrostatic pressure, where the temperature
parameter for the Metropolis MC algorithm was also set to 600K. The resulting
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Table 4: Different sample types and the description of the according microstructure
Type Microstructure
CuNbrand Identical to ACu but with a fraction of atoms in the GB having
their chemical identity changed to Nb prior to equilibration
(see text, Fig. 42).
CuNbMC Identical to CuNbrand but using hybrid MD/MC to introduce
the Nb atoms into the GB and allow for structural relaxation
(see text, Fig. 43).
CuFerand Identical to ACu but with a fraction of atoms in the GB having
their chemical identity changed to Fe prior to equilibration
(see text, Fig. 44).
structures will be referred to as sample type CuNbMC in the following and slices
through the initial microstructure can be seen in Fig. 43.
11.2 segregating solutes - grain boundary pinning
In Fig. 42, the stress-strain behavior for sample type CuNbrand with 3 and 6% of
Nb in the GBs, respectively, is shown. It can be seen, how solutes increase the
strength of the microstructure, where a higher concentration leads to a stronger
increase. Depending on the composition, the solutes suppress coupled motion
and pin the mesoscopic sliding plane. For the highest amount of solutes (6% of
the GB atoms), the microstructure can deform mainly by mesoscopic GB sliding
along the aligned GBs, which are locked in place by the dopants. In addition
to the suppression of normal GB motion, a lower amount of stacking faults as
compared to pure Cu is observed. This is consistent with the expectations, since
in the case of Cu with 6% of Nb in the GBs, the microstructure can deform
mainly by mesoscopic GB sliding while for the case of pure Cu the potential
sliding plane is destroyed. If the GB alignment is destroyed, GB sliding has to
be accommodated either by normal GB motion or dislocation slip where the
slip of leading partial dislocations leads to the formation of stacking faults. For
the intermediate composition (3% of Nb in the GBs), the solutes also affect the
normal motion of the GBs and increase the strength of the microstructure. They
do, however, not efficiently pin the GB, which still moves by coupled motion and
leaves the solutes behind in the matrix (Fig. 42). Once the GBs break free from
the solutes, the microstructure deforms by GB sliding accommodated by coupled
motion and/or dislocation slip. From close inspection of the microstructure it can
be seen that the presence of solutes decreases the amount of normal motion for
the same total strain as compared to pure Cu.
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Figure 42: Initial microstructure and the stress-strain behavior for pure Cu (red) and
the case of 3% and 6% of Nb atoms in the GBs (blue and pink, respectively)
with the respective microstructures after deformation. Color coding for the
microstructures is such that white atoms belong to the grain interior, black
atoms to the GB and gray atoms are neighboring a stacking or twinning
fault (according to CNA [152]). Solutes are enlarged and highlighted in
red. A marker plane is introduced to facilitate comparison, which labels a
subset of atoms perfectly aligned prior to deformation (green). Analysis and
visualization was carried out, using OVITO [165]
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The evolution of the dislocation density during deformation is shown in Fig. 43.
During the course of deformation the dislocation density rises significantly for
the case of pure Cu (sample type ACu). This can be explained by the evolution
of the microstructure, where the initial GB alignment is destroyed by normal
motion and deformation has also to be accommodated by intragranular processes.
For the case of the alloyed structures the increase in dislocation density during
deformation is less pronounced and almost vanishes for the case of 6% of Nb in
the GBs (sample type CuNbrand). For that case coupled GB motion is completely
suppressed and the structure can deform by mesoscopic GB sliding. This explains
the reduced increase in dislocation density, since intragranular deformation as a
accommodation process is barely necessary. For the case of the lower concentration
of solutes (3% of GB atoms), a slightly stronger increase in dislocation density is
observed, since some segments of the mesoscopic slide plane still move by coupled
motion (Fig. 42) and thus make dislocation activity necessary as accommodating
mechanics.
In summary, segregating solutes have a strengthening effect on NC structures.
Their presence in the GBs hinders both, sliding and coupled motion, resulting
in an overall increased strength of the material. If the concentration of solutes is
sufficiently high, coupled GB motion can be suppressed completely. A potentially
aligned subset of GBs can then slide also on a mesoscopic scale and stay aligned
even during room temperature deformation.
11.3 role of grain boundary relaxation state
Chemical and structural GB equilibration can drastically increase the strength
of NC alloys by reducing the GB energy i.e. the free volume in the GBs (Sec. 6,
Sec. 7) [29]. In an additional step, solutes were introduced by employing the
hybrid MD/MC algorithm (Sec. 11.1) leading to densely packed GB structures.
A slice through the initial microstructure of sample type CuNbMC is shown in
Fig. 43, where the solute distribution is not as homogeneous as in the case of
a random distribution (as observed in sample type CuNbrand). Depending on
the type and misorientation of a particular GB, the introduction of solutes is
facilitated or suppressed. The average composition of the GBs is, however for
the presented case 7% and therefore similar to the sample with a random solute
distribution and and GB concentration of 6%. In Fig. 43, the stress-strain behavior
of the structure is shown. Structure CuNbMC has a drastically increased yield
strength as compared to the structures with a random distribution (sample type
CuNbrand), which is due to the fact that GB mediated processes are suppressed
by the reduction of free volume in the GB (Sec. 7).
After yielding a softening of the material is observed, which was also found
for miscible and immiscible systems with a well equilibrated GB (Sec. 6, Sec. 7),
and can be explained with structural changes within the GB during the course
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Figure 43: Microstructure, stress-strain behavior and change in dislocation density for
NC Cu–Nb. Upper Left: Slices through the initial microstructures of type
CuNbrand and CuNbMC. Nb atoms are enlarged and highlighted in red. Lower
left: Slices through the microstructures after 10% of tensile deformation for the
two cases. Right: Stress-strain behavior and according change in dislocation
density for NC Cu–Nb. Sample type CuNbrand with 3% and 6% of Nb in the
GB is shown in pink and blue, respectively. The data for sample type CuNbMC
(7% of Nb in the GB) and pure Cu is shown in black and red, respectively.
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of deformation. The increase in dislocation density is clearly stronger than for
the case of a random solute distribution. This means that the contribution by
intragranular defects to the overall deformation is increased as compared to the
structure of type CuNbrand. Equilibrating the solute distribution by a hybrid
MD/MC scheme allows to distribute the impurities to energetically favored
positions and reduce the free volume in the GBs at the same time. This not only
suppresses coupled GB motion as for the case of a random solute distribution
and hinders GB sliding, it also strengthens the GBs in such a manner, that despite
the presence of a mesoscopic sliding plane, dislocation nucleation and motion
contributes more significantly to plastic deformation. This is how NC Cu doped
with segregating solutes can approach the theoretical strength of the material
(Sec. 7). It shall be noted, however, that coupled motion of GBs is not completely
suppressed for the case of this distribution of solutes. It can be seen from the slices
through the deformed microstructure (Fig. 43) that one GB still moves by coupled
motion, leaving the initially segregated solutes in the interior of the growing
grain. Most interestingly, the amount of observed coupled motion is similar to
the case of structure type CuNbrand with 3% of Nb in the GBs. Additionally, it
was observed that the GB, which still moves by coupled motion for the case of
structure type CuNbMC, has a GB concentration of about 3% Nb. This particular
GB has therefore less favorable sites for the introduction of solutes leading to
a reduced concentration for the case of alloying by the MD/MC scheme and
therefore coupled GB motion is more likely.
11.4 transferability to different segregating solutes
For studying the influence of the particular solute, also samples of Cu–Fe were
studied. Since Fe has a small atomic size mismatch as compared to Cu, GB sliding
should not be strongly affected by the equisized substitutional solutes, as reported
by Millett et al. [108]. Coupled GB motion on the other hand should still be
hindered by the presence of solutes, mainly caused by the positive heat of mixing.
As described in (Sec. 11.1) different amounts of iron were introduced randomly
into the GB. Consequently, the structures are referred to as sample type CuFerand.
As compared to Cu–Nb higher amounts of solutes were introduced into the GB
to observe a change in the mechanical response of the structure.
Regarding the yield point of the samples the trends are the same as observed
for Cu–Nb. As the concentration of solutes is increased, the yield stress of the
material also increases. This is consistent with expectations based on the reported
findings, where solutes hinder the coupled motion of the GBs, increasing the
necessary stress for their normal motion. After yielding the difference between
the pure metal and the alloyed structure decreases for the case of Cu–Fe. This
is different from the case of Cu–Nb, but still in agreement with the reported
observations, since the structure here mainly deforms by GB sliding accommo-
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Figure 44: Top: Stress-strain behavior for sample Type CuFerand with two different
amounts of solutes. Pink and Blue denote 13% and 24% of Fe in the GB,
respectively. To facilitate comparison, the data for pure Cu (red) is also shown.
Middle: Slices through the microstructures of sample Type CuFerand before
straining and after 10% of tensile deformation, respectively (Fe atoms are
highlighted in red). Bottom: Change in partial dislocation density as a function
of strain for sample Type CuFerand with 0%, 13% and 24% of Fe in the GB,
respectively.
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dated by dislocation slip and coupled GB motion (within the pure material),
which is less affected by equisized substitutional solutes. The evolution of defects
within the grain interior supports this picture. Here, the change in dislocation
density is smaller for the case of the alloyed structures, which is consistent with
the pinning of GBs and an increased contribution to plastic deformation by GB
sliding. As the structures are deformed, the defect density also within the alloyed
structures raises, showing the necessity for accommodating processes caused
by the destruction of the mesoscopic slide plane. From the slices through the
microstructure (Fig. 44) it can be observed, that also for the highest amount of Fe
introduced into the GB (24% of the GB atoms) normal motion is observed. Here,
one GB with a high coupling factor (the one reported in Sec. 10.3) breaks free
from the pinning effect of the solutes and propagates via coupled motion. The
introduced (equisized) solutes are left behind in the matrix, where they occupy
perfect lattice positions. The hindering effect of solutes on the GB propagation
by normal motion therefore drastically depends on the type and mismatch of
segregating solutes in the GB.
11.5 discussion
Segregating solutes can alter the balance between normal GB motion and meso-
scopic GB sliding as competing deformation mechanisms. For the case of NC
Cu, the presence of Nb impurities in the GB resulted in an increased resistance
to coupled GB motion and a drastically raised yield strength. Depending on
the concentration of impurities, coupled motion can be suppressed completely
and GB sliding can develop to a mesoscopic scale. Stabilization of potential GB
alignments does not need to be caused by knowingly introduced solutes, but
can also be due to segregating impurities picked up during sample preparation.
Crucial for the contribution by GB mediated processes in general is, however, the
degree of GB equilibration and the related amount of free volume in the GBs.
Here, a reduced free volume in the GBs (as obtained by relaxation via the hybrid
MD/MC scheme) can increase the structural stability of the GBs, approaching the
theoretical strength of the material (Sec. 7) and leads to a stronger contribution
by intragranular defects to the overall deformation. The measured dislocation
density does (in general) not allow for conclusions on the contribution by disloca-
tions to crystal deformation since it is solely controlled by the distance covered by
mobile dislocations. For the present case, where all initial dislocations are located
in the GBs and mostly immobile, an increase in dislocation density is caused by a
nucleation of a (partial) dislocation into the otherwise defect-free grain interior.
Since initially no obstacles inside the grains are present prior to deformation, an
increased dislocation density resembles an increased contribution to deformation
by dislocation slip. For the dislocation densities, we find a drastically decreasing
slope in the change of dislocation density as the concentration of impurities in the
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GBs is raised. This can be explained with the pinned GBs allowing for deforma-
tion solely by mesoscopic GB sliding, which does not need to be accommodated
by intragranular slip.
The pinning force of solutes mainly depends on their atomic size mismatch,
where a large mismatch refers to a large pinning force. A comparable high amount
of equisized solutes (Fe in Cu) could not suppress coupled motion completely
and equisized solutes are therefore less efficient in pinning the GBs in place.
We conclude that segregating solutes and their distribution in the GBs not
only alters the balance between coupled GB motion and mesoscopic GB sliding
as room temperature deformation mechanisms, their precise distribution also
triggers the contribution by intragranular defects in a sensible manner.
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Part VI
H I E R A R C H Y O F D E F O R M AT I O N P R O C E S S E S

The results by conventional MD straining simulations are influenced by
the high strain rates adherent to this simulations. Improved simulation
techniques may allow to overcome this limitations.
The following part deals with hybrid MD/MC straining simulations. Here,
the MC scheme allows for local relaxation by the exchange of atomic species,
shortcutting diffusional processes.
The effect on the macroscopic behavior is investigated and the implications on
the interpretation of conventional MD simulations and their comparison to
experiments is discussed.

12
O N T H E H I E R A R C H Y O F D E F O R M AT I O N P R O C E S S E S
In MD simulations the typical deformation strain rates are significantly higher
than in conventional experimental setups [180]. The hierarchy between different
deformation mechanisms with individual activation enthalpies and activation
volumes is therefore affected by the applied strain rate [22, 84] and transferring
insights from simulations to experimental conditions is not directly possible
[60, 180].
In the past, several approaches have been made [214] to boost the speed of
atomistic simulations of stress-driven processes by coarse-graining atomic vibra-
tions [215]. Atomic-strain-based adaptive hyperdynamics [216] or combinations
of MD and MC methods [217, 218, 219] have been used in this context. Also, the
kinetics of selected thermally activated processes were evaluated independently
with transition state theory [220]. These attempts are, however, mostly limited to
small structures, simplified geometries and single-component systems.
The influence of solutes, commonly present in experimental samples (often in
unknown concentrations), has rarely been considered in atomistic simulations
[6, 51]. Additions of solutes, can, however, influence the mechanical response of
nc metals significantly (Sec. 13), [67]. In the following, the time scale problem
inherent in MD is overcome by applying the hybrid ND/MC scheme, which
brings the system towards equilibrium by swapping atomic species [106].
12.1 methodology
We employ the hybrid MD/MC scheme described in Sec. 2.3 during straining.
This allows for local chemical and structural relaxation by shortcutting diffusional
processes. The frequency between local relaxation and the imposed straining
is modulated. Thus, the balance between competing processes with a differing
dependence on local relaxation can be altered and its effect on the macroscopic
behavior can be studied. The scheme is applied to a NC Pd–Au 50% alloy, where
deformation under tensile load is studied for various conditions. The NC model
structures are identical to the ones discussed above (Sec. 6), where the elemental
distribution for the completely miscible Pd–Au system was found to be not
homogeneous and a depletion in Au is observed in the GBs (Sec. 4).
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Figure 45: Schematic of processes in the GB under an applied shear stress. The upper
line shows solely displacive atomic motion, where atoms need to overcome
a substantial barrier to move past each other resulting in a high necessary
resolved shear stress τ∗. The lower line visualizes, how diffusive processes can
alter local barriers by an exchange of atoms, reducing the necessary resolved
shear stress for the displacement.
The contribution of dislocation slip events to the overall deformation was
analyzed, using the method by Stukowski and Arsenlis (Sec. 2.4.5, [159]).
Samples are deformed at 300 K by imposing a constant engineering strain rate
(108 1/s) in uniaxial direction on the simulation cell.
During straining the hybrid MD/MC scheme is employed. Coupling to an
external reservoir through the semi-grandcanonical MC scheme allows for atomic
exchanges without accounting for the explicit exchange mechanisms but leads to
a redistribution of the solute atoms and thus to a local relaxation. Fig. 45 shows
schematically, how atomic exchanges may locally facilitate the relative shearing of
atoms. Applying the MC scheme during straining is therefore expected to alter
the barriers for displacive processes. The control parameter for the MC scheme,
namely the difference in chemical potentials ∆µ, is identical to the one during the
initial annealing for all simulations. Additionally, the variance control [145] is
used to fix the global composition of the structure to the composition after initial
alloying (50 % of Au).
The balance between MD steps (imposing the tensile straining) and local
relaxation by MC steps is varied either by modifying the swap fraction or by
modifying ∆MD. The swap fraction is the fraction of the atoms in the system,
on which trial exchanges are carried out during one MC step and ∆MD is the
number of MD steps between two successive MC steps.
Table 5 summarizes the various testing conditions and introduces the corre-
sponding labels.
122
12.1 methodology
Table 5: Tensile testing conditions and the according labels. Swap fraction denotes the
fraction of atoms in the system which are treated during one step by the MC
algorithm. ∆MD is the number of MD steps, carried out between two successive
(partial) MC steps (see text).
Label Swap fraction ∆MD Brief description
noMC - - No MC is carried out during strain-
ing.
1.0 1.0 10 Every 10 MD steps, MC is carried out
on all atoms.
0.1 0.1 10 Every 10 MD steps, MC is carried out
on 10 % of the atoms.
0.01 0.01 10 Every 10 MD steps, MC is carried out
on 1 % of the atoms.
0.001 0.001 10 Every 10 MD steps, MC is carried out
on 0.1 % of the atoms.
1.0<->0.1 1.0 or 0.1 10 Alternating swap fraction between 1.0
and 0.1.
0.1<->0.01 0.1 or 0.01 10 Alternating swap fraction between 0.1
and 0.01.
∆MD 1000 1.0 1000 Every 1000 MD steps, MC is carried
out on all atoms.
∆MD 10000 1.0 10000 Every 10000 MD steps, MC is carried
out on all atoms.
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Figure 46: a-d): Stress-strain behavior and plastic crystal slip strain of NC Pd–Au 50%
for various testing conditions and two different grain sizes, where a) and c)
show the 5 nm case and b) and d) show the data for the 10 nm grain size.
The crystal slip strain is measured for the structures under the applied load.
e): Stress-strain behavior for the case of an alternating MC swap fraction (the
swap fraction is changed at constant time intervals as indicated by the vertical
black lines) for the 10 nm grain size. In dashed grey, the reference data is
shown, where the swap fraction was not changed during straining (same data
as in b)). f): Stress-strain behavior during straining with an altered number of
MD steps between two successive MC steps (∆MD). Reference data (dashed,
grey) is shown which corresponds to the cases of an identical time interval for
one full MC step obtained by a change in the swap fraction (same data as in
b)).
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12.2 stress-strain behavior and crystal slip
The stress-strain behavior for structures of 5 and 10 nm grain size with 50 %
of Au tested at various deformation conditions is shown in Fig. 46 a) and b).
Independent of the grain size, the slope in the elastic regime is larger for the
samples where no MC is carried out during straining and the lowest for the
structures, where the local relaxation occurs with the highest frequency. Also,
the yield stress shows a clear dependence on the straining conditions. Here, a
similar trend is observed. The yield stress shows the highest value for the case
of conventional MD (noMC), whereas an increased frequency of local relaxation
leads to a drastic decrease in yield strength. Regarding the occurrence of an
overshoot in the stress-strain behavior, which is often explained by the ultra-high
strain rates in MD simulations [54], it can be seen that local relaxation by MC trial
exchanges drastically reduces the amount of overshooting. For the highest MC
rates, the overshoot even vanishes completely.
The structures were analyzed at different straining stages with respect to the
initial structure and the contribution by dislocation slip was extracted. Fig. 46 c)
and d) show that there is no detectable difference in the contribution by crystal
slip for the various testing conditions. The dislocation activity for a given total
strain must therefore be similar and independent of the local relaxation. The
relationship between the total strain and the irreversible plastic strain, however,
delicately depends on the deformation conditions as will be discussed in the
following section. Comparing the data for the different studied grain sizes, it
can be seen that the contribution by dislocation slip is slightly increased for the
10 nm structures as compared to the 5 nm grain size. It shall be noted, that the
analysis algorithm detects not only dislocation slip in the grain interior but also
movement of dislocation networks (low angle GBs) and the movement of twinning
dislocations on twin boundaries as plastic crystal slip. This might complicate the
comparison with respect to grain size, since a larger fraction of twin boundaries
is observed after annealing for the 5 nm structures (not shown).
In a next step jump test were carried out, where the balance between MD
steps and local relaxation by MC trial exchanges was varied during straining
to test the influence of straining history of the sample. Fig. 46 e) shows the
stress-strain behavior for two cases, where the swap fraction was altered between
two values within constant time intervals (as indicated by vertical black lines). As
a reference, the data for the cases, where the swap fraction was constant during
straining, is also shown (dashed, grey). Evidently, altering the balance between
MD straining and local relaxation affects the deformation properties, independent
of the straining stage. The results furthermore show that after a short time, the
system reaches a steady-state deformation regime independent of the straining
history of the sample.
Fig. 46 f) shows, how the results are affected by the time constant for coupling to
the external reservoir. Different ways to modify the balance between straining and
125
on the hierarchy of deformation processes
local relaxation are compared. Results of simulations, where ∆MD was altered,
are compared with data, where ∆MD was kept constant but the swap fraction was
changed to obtain an identical time interval until one exchange attempt is carried
out on every atom in the system on average. The data with a modified ∆MD is
shown as colored solid lines, whereas the reference data with a modified swap
fraction (same data as in Fig. 46 b)) is shown as dashed, grey lines. Interestingly,
the results are independent of the time constant for the coupling to the external
reservoir, if the time interval to carry out one exchange attempt on average on
every atom in the system is unchanged. The response of the system is therefore
similar, regardless whether local relaxation is carried out frequently on a small
fraction of atoms or less frequent on all atoms as long as the overall rate stays the
same.
12.2.1 Reversibility
Close inspection of the microstructure after unloading revealed that several
contributions to plastic deformation are reversible. This is most pronounced for
the case, where no MC is carried out during straining. Fig. 47 a) shows how
the microstructure changes during loading. Here, the color coding according to
the displacement from the initial position reveals some grain movement as well
as partial dislocation motion and the nucleation of a twin embryo (detectable
by discontinuities in the color scheme and stacking faults). When the structure
is unloaded and relaxed after deformation to a total strain of 4 %, most of the
displacement is reversed. Most surprisingly, also partial dislocations, which fully
intercepted the grain interior and were absorbed by the opposing GB reverse
their motion. This leads to an annealing of stacking faults, twin embryos and
therefore to a negligible irreversible plastic strain. For the case with the highest
frequency of local relaxation during straining on the contrary (Fig. 47 b)), we find
less reversibility after unloading. Here, less displacement during loading and no
dislocation activity for this part of the microstructure during the initial stages of
straining is observed. The displacement which occurs (mostly in the vicinity of
the GB), however, does not disappear after unloading.
In a next step, we unloaded the structures at various straining states and
quantified the amount of irreversible plastic deformation to further investigate the
ratio between reversible and irreversible strain. Fig. 48 shows the total irreversible
strain after unloading as a function of the total strain for the various testing
conditions. Obviously, irreversible straining occurs much earlier for the cases,
where local relaxation is facilitated by the MC trial exchanges. Most interestingly,
for the case of straining by conventional MD, the deformation of the material
is fully reversible up to a total strain of about 5 and 4 % for the 5 and 10 nm
structures, respectively. As can be seen from the snapshots (Fig. 47) and the
evolution of plastic crystal slip (Fig. 46) this is not caused by a fully elastic
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Figure 47: Microstructure and the stress-strain behavior of NC Pd–Au 50% with a grain
size of 10 nm, where a) no MC is carried out during straining and b) local
relaxation is carried out during straining with the highest frequency. In the
snapshots the gradient color scheme is according to the displacement from the
initial atomic positions. The structures are rescaled to the initial size and the
imposed deformation does therefore not contribute to a local displacement. GB
and stacking fault atoms are highlighted in white and black, respectively. The
arrows indicate the state of the snapshot on the stress-strain curve, where three
snapshots under tensile load (at a total strain of 2, 3.2 and 4 %, respectively)
and one snapshot under zero external load (after unloading from a total strain
of 4 %) are shown. Analysis and visualization was carried out, using OVITO
[165].
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Figure 48: Total irreversible strain measured after unloading as a function of the total
strain for various testing conditions and the two studied grain sizes.
response since dislocation activity and atomic displacement in the vicinity of the
GB is already detectable. The reversibility must therefore be due to back stresses,
which revert the various events carrying local plasticity. Apparently, the high
strain rates in conventional MD simulations do not allow for local accommodation
of the processes contributing to plastic deformation. This might be at the heart of
the overshoot phenomena in the stress-strain behavior reported frequently from
MD simulations, resulting from an excess of elastic energy in the system due to
large back stresses.
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Figure 49: Contribution of crystal slip to the irreversible strain for various testing condi-
tions and the two studied grain sizes.
12.2.2 Irreversible contributions
After it was observed, that the plastic strain is partly reversible, if no local relax-
ation allows for the accommodation of the deformation processes, the contribution
of dislocation slip to the irreversible plastic strain was quantified. We therefore
analyzed the unloaded structures with respect to the amount of crystal slip (as
compared to the initial structure). Fig. 49 shows the contribution of irreversible
crystal slip to the overall irreversible strain.
Although some of the dislocation slip events are reversed under unloading,
their contribution to the irreversible strain does depend on the local relaxation.
Here, enhancing the local relaxation decreases the contribution by dislocation
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Figure 50: Snapshots and stress-strain behavior of NC Pd–Au 50% with a microstructure,
where several GBs were initially aligned and which is known to deform by
stress coupled GB motion (Sec. 10). The case of conventional MD (noMC)
is compared to straining, where local relaxation is accounted for by the MC
algorithm with a swap fraction of 1.0 and a ∆MC of 10. Color coding for the
microstructures is such, that white atoms belong to the grain interior, black
atoms to the GB and gray atoms are neighboring a stacking or twinning fault
(according to CNA [152]). The gradient color scheme shows the local atomic
concentration as the average site occupancy during the MC trial exchanges.
Visualization was carried out, using OVITO [165].
slip to plastic deformation. This indicates, that the contribution by GB mediated
processes such as GB sliding or normal motion as well as the movement of triple
lines and quadruple nodes is more pronounced, if local relaxation takes place.
Comparing the different studied grain sizes, it can be seen, that the decrease in
the contribution by dislocation slip with local relaxation is stronger for the larger
grain size.
12.3 effect on gb mediated plasticity
The effect of local relaxation on a specific GB mediated process was exemplarily
studied for the case of coupled motion. Here, we tested the mechanical response
of a microstructure with an average grain size of about 10 nm, which evidently
deforms by stress coupled GB motion (Sec. 10). The initial microstructure (grain
orientation and size) was identical to the one in Sec. 10, where a subset of GBs was
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perfectly aligned prior to deformation. At the onset of yielding, stress coupled
normal GB motion sets in and contributes to plastic deformation for this particular
microstructure.
Prior to deformation, the sample was annealed and alloyed following the
identical procedure as described for the samples above. Here, solute atoms
(50 % of Au) were introduced into the microstructure via the hybrid MD/MC
scheme at 600 K for 1 ns. Fig. 50 shows a part of a slice through the initial
alloyed microstructure together with a slice colored according to the local atomic
concentration (the average atomic occupancy during alloying by the MD/MC
scheme). It can be seen, how a subset of grain boundaries is aligned prior to
deformation. From the slice with the gradient color scheme according to the
local concentration, it becomes evident that the GBs in this microstructure show a
deviation from the composition in the grain interior. The width and magnitude
of the deviation is similar to the structures discussed above as shown in Sec. 4.
The sample was then put under tensile load at a strain rate of 108 1/s and the
evolution of the microstructure was monitored. Fig. 50 shows the stress-strain
behavior for the case of tensile testing without MC and for the case where local
relaxation was carried out with the highest frequency using the MC algorithm
(with a swap fraction of 1.0 and a ∆MD of 10). Evidently, the stress-strain behavior
for this microstructure shows similar trends as reported above. For the case, where
local relaxation is not carried out, the tensile modulus as well as the yield strength
are drastically increased. For both cases, the microstructure deforms by coupled
GB motion, as can be seen from the slices after deformation. This demonstrates,
that the barrier for the onset of normal GB motion is higher if local relaxation
does not take place.
Visualizing the evolution of the local concentration during straining shows that
the depletion zone around the initial GB position follows the position of the GB
during straining. Local relaxation by MC swap attempts therefore also allows to
mobilize the compositional gradients.
12.4 discussion
We performed hybrid MD/MC simulations of NC Pd–Au 50% alloys of two
different grain sizes at various deformation conditions, which allows for local
chemical and structural relaxation during straining. The stress-strain behavior of
our model structures strongly depends on the frequency of local relaxation. If
local relaxation through coupling to an external reservoir is carried out, the tensile
modulus as well as the yield strength are drastically decreased. This effect is
observed for both studied average grain sizes (5 nm and 10 nm). If local relaxation
is carried out during straining the overshooting in the stress-strain behavior
vanishes. Monitoring the irreversible plastic strain for different straining stages
reveal that several contributions to plastic strain are reversible, if deformation
131
on the hierarchy of deformation processes
processes are not accommodated by local relaxation. Close inspection of the
microstructure shows that atomic displacements in the vicinity of the GB as well
as dislocation slip and the nucleation of twins can be reversed under unloading.
Here, the remaining back stresses are obviously large enough, to force the different
contributions out of the system. Regarding the contributions to irreversible strain
we find that the fraction of dislocation slip is smaller, if local relaxation is carried
out. This indicates that conventional MD straining simulations overestimate the
contribution of dislocation slip to plastic deformation of nanocrystals as compared
to experiments, where local relaxation is facilitated due to the much reduced
strain rate. By studying the influence of local relaxation on a single GB mediated
deformation mechanism (Fig. 50), namely stress driven coupled GB motion, we
observe that the local relaxation drastically decreases the stress, necessary for the
onset of coupled GB motion. The amount of dislocation slip as a function of total
strain, on the contrary (Fig. 46 c),d)), is not affected by local relaxation.
From our observations, one can therefore reason that the barrier for dislocation
nucleation and propagation is not (or less) affected by local relaxation. The barrier
for the GB mediated processes such as GB sliding or normal motion, on the
contrary, is severely reduced by local relaxation. Fig. 51 schematically illustrates
the effect of local relaxation on the barriers for the different contributions.
The coupling to an external reservoir, which allows for atomic exchanges
without accounting for the precise excange mechanisms, apparently lowers the
barrier for GB plasticity. In that way, the hierarchy between different contributions
to plastic deformation can be modulated. This results in a stronger contribution
of dislocation slip events to plastic deformation for cases, where the frequency
of local relaxation is low as compared to the imposed straining. (Such as low
temperature or high strain rates.) The results do not allow for an extrapolation
or translation to experimental conditions, but clarify how the contributions of
individual processes to global plasticity depend on the deformation conditions.
Furthermore, this might explain, why experimental works suggest a transition
from GB mediated processes to regular dislocation slip at a grain size in the order
of 100 nm [22, 208], while MD simulations report a transition towards dislocation
mediated plasticity at around 10-20 nm grain size [59, 50].
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Figure 51: Schematic of the barrier for different processes under different deformation
conditions. The emission, propagation and absorption of dislocations from GBs
is less affected by local relaxation through coupling to an external reservoir.
The barrier for GB mediated processes such as GB sliding or normal motion
shows a strong dependency on local relaxation and can be effectively lowered
in our simulations through coupling to the reservoir. In this way, the hierarchy
between the different processes can be modulated.
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Part VII
C R E E P C O N D I T I O N S

The atomistic processes of deformation at moderate temperature were the
subject of the preceeding chapters. It was shown that the state of the GB
can drastically influence the mechanical properties of the structures. For
deformation at elevated temperature, the GBs can play an important role
also for the case of CG materials. At the according temperatures, also CG
materials deform by GB creep [221], where thermally activated mass transport
through the GBs is the major carrier of plastic deformations. The area of
predominance of Coble creep in polycrystalline fcc material is widened by a
decrease in grain size [221], whereas the introduction of segregating solutes
can narrow it [222].
For a NC microstructure, which has a high density of GBs it is therefore
expected, that the predominance of GB creep sets in at lower temperatures,
as discussed in the introduction (Sec. 1.2.2). Since solute atoms were found
to drastically influence the macroscopic deformation behavior at moderate
temperature, their presence in the GB may change the deformation behavior
also here, where the contributing processes are restricted to the GB region.
The following chapter is therefore devoted to processes in the GBs during high
temperature deformation. The thermal stability of the prepared samples is
discussed and the influence of different solutes on the creep compliance of our
NC model structures is evaluated.

13
G R A I N B O U N D A RY C R E E P
The role of diffusional GB creep has received little attention in NC materials
despite its obvious implications for the use of these materials at elevated tempera-
tures. For example, it is still uncertain whether GB diffusion processes in pure NC
Cu contribute to deformation at low homologous temperatures, T/Tm < 0.3 [223].
In this regard, it has been demonstrated that pure NC Cu (about 28 nm grain
size) can be elongated to more than 5000% at room temperature without strain
hardening, suggesting GB-based mechanisms are indeed operative [34, 2]. Other
work identified non-negligible creep deformation at room temperature also in
NC Ni [44]. Several studies have shown further that creep rates in NC metals are
proportional to d−3 [224] or d−2 [225], suggesting Coble [226] or Nabarro-Herring
creep behavior [227, 228]. Other results, however, report a creep resistance orders
of magnitude higher than Coble creep [229, 230]. Meyers et al. suggest that
contamination of the GB with impurities suppresses grain-boundary sliding and
thus explains these differences [2]. For example, interstitial dopants (Boron in
Nickel) have been shown to significantly enhance the creep resistance of NC
materials [31].
Only few studies on creep in NC structures using MD simulation have been
reported, largely due the limited time-scales accessible by these simulations. It
has been shown, nevertheless, that diffusional creep in these materials can be
simulated via MD simulations if sufficiently high temperatures are employed
[225]. While this requirement is a severe limitation, such simulations can still be
useful for examining different creep mechanisms [69].
In this chapter, we employ such an approach to examine the effect of solutes
on the macroscopic creep compliance of various dilute Cu alloys (Cu–Nb, Cu–Fe,
Cu–Zr), focusing on Cu–Nb. The samples are identical to the ones previously
tested at room temperature as presented in Sec. 7. They have an average grain
size of 8 nm and solute atoms were introduced using the hybrid MD/MC scheme
as discussed in Sec. 3 which locates them on energetically favorable sites.
The samples were deformed at various temperatures (ranging from 0.4 to
0.86 Tm), where Tm denotes the melting temperature of pure Cu (around 1290
K for the interatomic potential used here), to test the creep compliance of the
material. Deformation was carried out under uniaxial compression with a constant
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load as described in Sec. 2.5. For most simulations, the uniaxial compressive
stress was set to 500 MPa. This led to strain rates on the order of 105-108 s−1. The
applied stress, although high, remained well below the yield stresses of the NC
Cu alloys, which exceed 1 GPa. The stresses perpendicular to the compression
axis were maintained near zero.
13.1 creep behavior - influence of solutes
Studying diffusional creep in NC materials by MD simulations at high temper-
atures requires suppression of grain growth [225]. In previous studies on pure
metals, grain growth was suppressed by the microstructural design of the struc-
ture [231, 232, 225, 233]. Here, we rely solely on the pinning force of solute in the
grain boundaries [89], and thus we can study systems with three dimensional
microstructures and randomly oriented grains of varying size. Our procedure,
however, limits the creep tests to alloys with Nb concentrations greater than 3 at.%
local concentration within the GB.
Representative strain versus time curves at constant load are shown in Fig. 52
for four different samples: two with solute additions, one with Nb precipitates
added to the quadruple nodes of the GBs, and the last, for pure Cu. The load in
each case was 500 MPa. The initial elastic response is not shown. The strain for
all of the samples initially increases approximately linearly with time. The strain
rates in the two alloy samples are noticeably smaller than in the two other samples,
and the reduction is seen to be larger for the alloy with higher concentration.
It is noteworthy that the presence of precipitates in the quadruple nodes of the
GB’s has little effect on the creep rate. For larger strains a continuous transition
to higher creep rates is most evident for the sample with 5.3% Nb. This will be
discussed in more detail in what follows. At this point, however, we can already
state this transition is unlikely associated with grain growth, since (i) Coble and
Nabarro-Herring creep rates both decrease with increasing grain size and (ii) no
grain growth was observed.
Fig. 53 a) shows the creep rate as a function of strain for the Cu-6.4 at.%
Nb alloy at different temperatures. The creep rates increase significantly with
temperature, but the general behavior of an increasing creep rate with increased
strain is common to all samples. A similar behavior was observed for the case
of pure NC Pd [232]. In this case the transition was attributed to the elimination
of triple junctions and the associated formation of mobile dislocations. In the
present study the possibility of irreversible structural changes can be ruled out,
since re-equilibration of the local chemistry by the MD/MC method sets the creep
rate back to its initial value (Fig. 53 a)). The observed transition is thus caused
by creating chemical disorder and by driving the system from local equilibrium,
rather than altering microstructural features. It is noteworthy that relaxation of
creeped samples by MD alone has little effect on the creep rate after re-loading,
140
13.1 creep behavior - influence of solutes
Figure 52: Thermal creep: Strain as a function of time at 0.8 Tm and a uniaxial load of
500 MPa for different compositions. The initial elastic response is not shown.
(The data for the samples with 5.0 and 8.3% of Nb in the GB are shown in blue
and pink, respectively.) Pure Cu (red) and a structure, where the solutes were
positioned in spherical precipitates in the quadruple nodes (green) serve as
references.
which provides additional evidence that the variation of creep rates is related to
chemical disordering.
Fig. 53 b) shows the dependence of creep rate on the alloy composition at
0.84 Tm. Increasing the Nb concentration in the GBs strongly reduces the initial
creep rate. Similar to Fig. 53 a), a transition to larger creep rates with increased
strain can be observed. For reference, Fig. 53 b) additionally shows creep data for
structures where solutes were introduced at random positions in the GBs and not
equilibrated using the MD/MC algorithm. (These samples underwent otherwise
identical treatments as the MD/MC ones, including initial equilibration by MD
for 1 ns at 500 K.) The introduction of Nb at random positions does not provide
chemical short-range order, and thus leads to larger creep rates. It is interesting
that the creep rate (i) is insensitive to solute concentration when the solute is not
located in equilibrium sites and (ii) requires only a strain of ≈ 4% to convert the
samples prepared with the MC/MD method to the non-equilibrated state. As we
will show later, most of the solute atoms have moved at least one atomic distance
after a strain of 4%.
Fig. 53 c) shows the dependence of the initial creep rate on temperature for
three of the MD/MC alloys. The same general dependence of initial creep rate on
temperature is observed for the three alloys. Clearly seen, however, is a strong
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(a) (b)
(c)
Figure 53: Temperature and equilibration effects: a) Creep rate as a function of strain for
an uniaxial load of 500 MPa and different temperatures for the structure with
6.4% Nb in the GB. For one case (0.82 Tm), the structure was re-equilibrated
using the MD/MC scheme after a strain of 6%. The subsequent creep rate
following equilibration is plotted as a blue dashed line. b) Creep rate as a
function of strain at 0.84 Tm and a uniaxial load of 500 MPa for different
compositions and different relaxation states (equilibrated by MD/MC or not
equilibrated (n.e.)). c) Observed initial creep rate as a function of testing
temperature.
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change in the temperature dependence in going from low to high temperatures,
with the apparent activation energy increasing from 0.3 eV to ≈ 3 eV.
13.1.1 Atomic mobility in the grain boundaries
In a previous work on pure NC Pd it was shown that high-temperature de-
formation takes place by GB diffusional (Coble) creep [232]. We examined the
deformation mode in the present NC Cu–Nb alloys by monitoring the relative dis-
placements of atoms during straining. Relative atomic motion, i.e., the Lagrangian
reference frame, is convenient for measuring diffusion in the present study since
it avoids complications arising from the change in shape of the sample. Similar to
Ref. [234], we thus define the relative displacement vector Ri by
Ri = [xi(t + ∆t)− xi(t)]− [xCOM(t + ∆t)− xCOM(t)], (13.1)
where x is the position vector and i and COM label atom i and the center of
mass of the neighbors of atom i at the time t, respectively. No atoms located in
the grain interiors were observed to undergo relative motion; only atoms in the
GB’s are observed to move. This excludes Nabarro-Herring creep and dislocation
motion as potential contributors to plastic deformation. Since virtually all Nb
atoms are located in the GB’s we use only these atoms, for convenience, to obtain
the GB diffusion coefficient. Thermal noise in the displacement vectors was
suppressed by quenching the structures to 0 K after each time interval before
computing Ri. In addition, we excluded relative displacements smaller than
half of the first nearest-neighbor (NN) distance to avoid displacements arising
from local relaxations. The threshold of half the NN distance was chosen for
this purpose because it reflects the barrier for diffusional atomic displacements,
and it is consistent with the observed minima in the histogram of displacements
(not shown). The results of these calculation are presented in Fig. 54, where a
strong correlation is found between the fraction of atoms undergoing relative
displacements during a fixed time step ∆t (200 ps) and the measured creep rates.
Remarkably, the data for various concentrations, different temperatures, and even
for different stages of excitation follow the same trend. The data thus clearly
illustrate that creep indeed derives from atomic motion within the GB’s. For
better understanding the creep mechanism, we thus focus our attention on the
effect of solutes on atomic mobility in GB’s.
Previous studies have revealed a relationship between GB diffusion and GB
energy [235]. A similar connection can also be found between GB diffusion and
excess volume (Eq. 5.2), and we examine this latter relationship here. In Fig. 55,
we plot both the fraction of Nb atoms with relative displacements larger than the
next-neighbour distance and the excess atomic volume as functions of time for
an initially random and an equilibrated solute distribution. A clear relationship
between ∆Vat and the number of atoms undergoing displacements (∆t = 200ps)
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Figure 54: GB mobility controlling deformation: Creep rate as a function of the mobility
of the Nb atoms in the GB, for different compositions, different temperatures
and different relaxation states. The mobility is measured in terms of the
fraction of Nb atoms which underwent a relative displacement with respect to
neighboring Nb atoms, which exceeded half of the NN distance. (For clarity,
the data for different compositions is not shown independently.)
is observed as shown in Fig. 55b. This relationship holds for both of the fully
equilibrated structures and the structures where the solute atoms were inserted
at random positions. While a correlation between GB diffusion and ∆Vat or GB
energy is found during creep deformation, we do not find the simple relationship
reported by Gupta [235] linking GB diffusion to GB energy, namely the so called
Borisov model [189], where
DGB = DL exp
(
γ
ρRT
)
. (13.2)
DGB and DL refer to the GB and lattice diffusion coefficients, respectively, γ is
the GB energy, and ρ is a constant relating the GB area to volume. Notice also
that at high temperatures, the apparent activation energy is larger than lattice
diffusion in Cu (2.03 - 2.09 eV) [236, 237].
13.1.2 Transferability to other Cu alloys
We calculated the effect of other solutes on the creep properties of NC Cu to
further test the role of excess volume. These samples were produced following
the same simulation scheme as described above, starting from identical initial NC
Cu configurations.
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(a)
(b)
Figure 55: Correlation to excess volume: a) Fraction of atoms undergoing a relative dis-
placement exceeding first NN distances (lines with symbols) and atomic excess
volume (lines) as a function of time, where the atomic excess volume is defined
as the difference in average atomic volume as compared to a single crystal of
identical composition at the same temperature (see text). Shown is the data for
a structure equilibrated by MD/MC (green, red) and a structure which was
not equilibrated (blue, pink) with 6.4 and 5.2% of Nb in the GB, respectively. b)
Correlation between the fraction of atoms undergoing a diffusive displacement
and the atomic excess volume for the two data sets.
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Figure 56: Transferability: Strain as a function of time at 0.82 Tm and an uniaxial load of
500 MPa for different material systems. (Pure Cu is shown as a reference.)
Fig. 56 shows the compressive strain as function of time at 0.82Tm for 3 different
NC Cu alloys and pure NC Cu as a reference. Zr, when dissolved in fcc Cu has
an atomic volume of 1.8 ΩCu, where ΩCu corresponds to the atomic volume of
Cu in a fcc single crystal as reproduced by the potential [142]. This is a similarly
large atomic volume as observed for Nb in fcc Cu (2.1 ΩCu) [135]. Fe, on the other
hand, has a comparable atomic volume as Cu, when dissolved in a fcc Cu matrix
(1.2 ΩCu) [139]. The Zr solutes are observed to greatly reduce the creep rate in
NC Cu, a factor of ≈ 5, which is comparable to that of the Nb solutes. Fe has
a much reduced effect, thus establishing atomic volume when dissolved in the
matrix as a key parameter in suppressing GB diffusion. In the cases of pure Cu
and Cu–Fe, but not Cu–Zr and Cu–Nb, we observe in addition to high creep rates,
severe grain growth. This dependence of grain growth on solute size agrees with
previous MD studies [90], and it is consistent with the idea that grain growth and
creep are both controlled by atomic mobility in GB’s.
13.1.3 Atomistic mechanisms
A detailed examination of the atomic motion within the GBs during creep de-
formation reveals that depending on the state of GB relaxation, atomic motion
occurred either as independent displacements or by collective motion. We dis-
tinguish these two modes as follows. First, all atoms (independent of their type)
moving more than half the NN distance within a 200 ps time window were
identified as a function of time. The nature of movement of those atoms was then
analyzed, following an approach by Donati et al. [160], where atomic motion
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Figure 57: Atomistic mechanisms: Cross-sections through the structures at different
stages of deformation at T = 0.84 Tm. The upper line shows the atoms, which
underwent an independent displacement. The lower line shows the atoms
which underwent a string-like collective displacement where the number of
involved atoms was larger than two. (The displacements occurred during a
fixed time interval of 200 ps.)
is considered stringlike or collective if the former position of a moving particle
is occupied by another mobile particle. Otherwise the motion was considered
independent. Fig. 57 identifies those atoms undergoing independent (top) or
collective (bottom) motion in a representative slice through the simulation cell
at different stages of deformation. The sample in this figure contained 6.4%
Nb, was simulated at 0.84 Tm and initially equilibrated by the MC/MD method.
During the initial stages of deformation, while the sample is still well equilibrated,
transport in the GB’s occurs predominantly by collective motion of atoms. By 2
ns, however, a clear shift to an independent displacement mode is observed. From
Fig. 55, it is seen that after 2 ns ≈ 50% of the Nb atoms have moved. Thus, during
straining at elevated temperature, the system is driven out of the well equilibrated
state and the contribution by independent displacements greatly increases, with
the contribution from collective motion becoming insignificant.
These findings can be understood in terms of several recently published papers.
Zhang et al. [238, 239] showed by MD simulations that string-like cooperative
motion is a regular feature of the dynamics of structurally relaxed GBs (in NC Ni
at 0.48 - 0.86 Tm). These authors noted, moreover, that the dynamics of GB motion
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was very similar to that found in supercooled liquids. Complementing these
observations, Nagamanasa et al. report glassy dynamics at grain boundaries in
colloidal crystals also for the zero-driving force limit, a regime inaccessible by MD
[240]. In another study, which also employed MD simulations [241], Ritter and
Albe showed that in bulk metallic glasses (BMGs) below Tg, diffusion occurred
by a cooperative motion of atoms, if the glasses were well relaxed. In highly
excited regions, on the other hand, e.g., within shear bands, the atomic motion
occurred rather by individual displacements. These findings are thus consistent
with the present results for GBs in nanocrystals, where string-like cooperative
motion is most pronounced in the initial, well equilibrated state. During straining,
the system is driven from this low-energy state, increasing the free volume in the
GB’s and thus allowing for individual displacements.
We further explored this similarity between the atomic motion in GB’s in the
NC Cu–Nb alloys and Cu–Nb metallic glasses by comparing the creep behavior
in these materials. The metallic glass was prepared by first quenching pure liquid
Cu to 50 K where equilibration and the introduction of solutes was carried out for
1 ns using the same MD/MC scheme as employed for the NC material. The creep
response of the resulting structure, which contained 7 at% Nb, was then obtained
as a function of temperature using a uniaxial compressive load of 100 MPa. The
results comparing the creep behavior of the NC and amorphous Cu–Nb alloys
are shown in Fig. 58 in an Arrhenius plot. While the apparent activation energies
are different for NC and amorphous alloys, they both show a transition from
high to low values as the temperature is reduced below 0.5-0.7 Tm. This is just the
temperature regime that we find using MD for the glass temperature, Tg, of this
alloy.
13.1.4 Discussion
We used MD simulations to study the effect of Nb solute on thermal creep
in NC Cu structures. Using the hybrid MD/MC algorithm, the solutes were
introduced at energetically favored positions. No Nb was therefore introduced
within the grains of the NC structure, consistent with the thermodynamic driving
force for segregation. The amount of solutes may in some cases correspond to
an oversaturated solid solution where the precipitation of a second phase was
suppressed by the barrier of forming a nucleus of critical size. One outcome
of adding Nb solute is that it stabilizes the structures against grain growth,
allowing for the treatment of a system consisting of grains of varying size and
shape. The GB energy of the Cu–Nb samples was shown to decrease linearly with
Nb concentration, in agreement with earlier studies. The highest concentration
of Nb solutes corresponded to a vanishing GB energy. During testing under
uniaxial compression at various elevated temperatures, no severe grain growth
was observed. This is consistent with a fairly reduced GB energy. It is furthermore
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Figure 58: Comparison of initial creep rates in amorphous and NC Cu–Nb alloys: Initial
creep rates of an amorphous Cu–Nb alloy (bulk metallic glass, blue) and a NC
Cu–Nb alloy (green) of similar composition for various temperatures.
consistent with the observed trend for the transition in creep rate, where we find
an increasing creep rate. For the case of grain growth, we would expect a
decreasing trend, which we do observe for pure NC Cu, where grain growth
occurs. For all tests, the applied uniaxial stress was in the range between 100
and 500 MPa which is high as compared to the stresses applied in experimental
creep tests at elevated temperatures. We could, however, exclude that the applied
stresses exceed the yield or flow stress of the studied material at the given
temperatures.
Monitoring the resulting creep rates revealed that the introduction of solutes at
favored positions and the successive relaxation results in a drastically reduced
creep rate followed by a transition to higher creep rates as deformation proceeds.
Comparison to structures were the segregating solutes were introduced at ran-
dom positions within the GB proofed, that the lowered creep rate is due to the
introduction of the solutes at energetically favored positions. Deformation of
the samples therefore destroys the low energy configuration of the GB and a
transition towards the creep behavior of a random distribution is observed as
deformation proceeds.
Apparently, straining at elevated temperature under a high external load
drives the GB configuration away from the well equilibrated state where the
MD timescale is not sufficient to allow a redistribution of solutes and relaxation to
obtain the energetically favored configuration by diffusional processes. A strong
correlation between the mobility of the atoms within the GB and the observed
creep rate could proof that the introduction of solutes can lower the overall mobil-
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ity of the atoms located in the GB. The mechanism to lower the mobility in the GB
is the reduction of the free volume. Introducing solutes at energetically favored
positions can reduce the free volume and increase the density of the GB, resulting
in a higher creep resistance and resistance to low temperature deformation as
shown earlier (Sec. 7).
Comparison of the observed creep behavior for different material systems could
show that the magnitude of the effect depends on the size of the solutes in the
matrix. Therefore segregating solutes of differing size can drastically influence
the creep behavior of NC metals by reducing the free volume in the GB.
Regarding the atomistic processes allowing for mass transport in the GBs of
this NC material, we found that there are strong similarities between the NC
structures and bulk amorphous material of similar composition. We demonstrated
that the displacement in well equilibrated grain boundaries occurs as string-like
collective motion of several atoms while a transition to single displacements is
found if the system is driven out of the well-equilibrated state. This is similar to
the observations made for bulk amorphous material, where string-like collective
motion also occurs, but vanishes as the system is disturbed (e.g. in a shear
band) [241]. The mechanism of atomic transport therefore depends in a similar
manner on the local relaxation for both, GBs in NC material and BMGs. This is
consistent with observations regarding the similarity between mobility in glass-
forming liquids and GBs in single phase NC materials [239]. Additionally, we
find a similar temperature dependence of the observed creep rates for NC and
amorphous material, underlining the similarities.
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The main focus of this thesis was the investigation of atomic structures and
mechanical properties of NC alloys. Several distinct material systems and mi-
crostructures were studied under different loading conditions. The key findings
are summarized below.
simulation of nc alloys with md/mc
• The hybrid MD/MC scheme utilized in this work is well suited to introduce
solutes into a given microstructure. It places the solute atoms at energetically
favorable positions in accordance with the microstructure. As observed in
this work, the macroscopic response of a system strongly depends on the
way, solute atoms are introduced.
• The elemental distribution in a NC microstructure may deviate locally from
the global composition also for the case of a completely miscible system.
For the case of NC Pd–Au we showed, that for a chemically equilibrated
structure, the GBs are depleted in Au.
• For a system with an ordering tendency (Ni–Fe), we could show that a NC
microstructure widens the phase field of the ordered ground state. Here,
the high density of GBs can act as buffer layer and accommodate any excess
in either chemical species.
• The excess volume in the GBs scales with the GB energy and the concentra-
tion of segregating solutes. Segregating solutes with a large size mismatch
reduce the GB energy more drastically. Segregating solutes can thus be used
to modulate the GB energy as well as the GB free volume.
grain boundary mediated plasticity
• For miscible NC alloys we observe that the intrinsic material parameters
have little effect on the strength of the microstructure. For Pd–Au, we
show that the macroscopic behavior is not strongly correlated to intrinsic
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properties such as the stacking fault energy, the shear modulus or the
burgers vector.
• For different alloys, the deformation properties are delicately dependent
on the way, solute atoms are introduced into the system. We observe, that
introducing the solutes by the hybrid MD/MC scheme, where the solutes
are placed at energetically favored positions yields an enhanced strength as
compared to placing the solutes randomly in the microstructure.
• Regarding the strength controlling parameter, we find that the change in
free volume in the GBs is proportional to the maximum stress in the stress
strain behavior. If the GBs are well equilibrated and the free volume in the
GBs is decreased, it needs to be raised more drastically in order to allow for
plastic deformation.
• For different segregating solutes, the strengthening effect scales (in the
dilute limit) linearly with the concentration of the solute. The strength of the
scaling depends on the atomic mismatch of the solute atoms with the matrix.
A larger mismatch results in a stronger increase in the macroscopic strength.
Since GB free volume and GB energy also scale linearly with composition,
the strength of the material scales linearly with the GB free volume and the
GB energy as well.
• Conventional solid solution strengthening is not observed for NC alloys.
Varying the composition in the grains of a random NC alloy (Ni–Fe) does
not affect the macroscopic mechanical properties.
• Dislocation processes in the interior are, however important for the overall
ductility. For the case of an intermetallic grain interior, the samples failed
by the formation of intergranular cracks for a grain size of 15 nm. Only
if the grain size is further reduced to about 5 nm, the microstructure de-
forms plastically also for intermetallic grains. Here, the contribution by GB
mediated processes is large enough to account for the deformation.
coupled motion and mesoscopic gb sliding
• Stress coupled GB motion contributes to plastic deformation in three dimen-
sional NC microstructures.
• Stress coupled GB motion always competes with mesoscopic GB sliding.
The prerequisite for mesoscopic GB sliding are aligned GBs. Stress coupled
normal motion, however, destroys most GB alignments.
• The atomic processes of coupled motion in a high angle GB are similar to
the ones observed in bicrystal simulations. The boundaries do not move at
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once but in parts. The size of a typical fraction, moving at once is in the
order of 10 nm2. Characteristic structural units could not be identified.
• The competition between coupled motion and mesoscopic sliding is affected
by the presence of segregating solutes. Segregating solutes can hinder
coupled motion, allowing for the stabilization of a potential alignment and
therefore enhance mesoscopic sliding.
• Equilibration of the solute distribution by the MD/MC scheme can strengthen
the GB such that both, normal motion as well as mesoscopic sliding are
suppressed.
• Regarding the transferability of the findings to different alloys, we observe,
that solutes with a smaller segregation tendency (smaller atomic mismatch)
pin the GBs less efficiently. For solutes with a small atomic size mismatch,
stress coupled motion can occur also for the case of high solute concentra-
tions.
hierarchy of deformation processes
• By modulating local relaxation attempts during straining we showed, that
during the initial stages of straining several contributions to plastic strain are
reversible, if they are not locally accommodated. High strain rates therefore
do not allow for the reduction of local back stresses.
• Regarding the different contributions to irreversible strain, we find that the
contribution by dislocation processes is smaller, if local relaxation by trial
exchanges is carried out. This indicates that conventional MD straining
simulations overestimate the contribution by dislocation processes to plastic
deformation.
• Studying individual deformation processes such as coupled motion with
and without local relaxation showed that the barrier for the onset of coupled
motion is drastically decreased, if local relaxation attempts are carried out.
The evolution of dislocation density, on the contrary, is little affected by a
change in local relaxation attempts. Local relaxation is therefore supposed
to influence mainly the barrier for GB accommodated processes such as
sliding or normal motion.
• The modified hierarchy of deformation processes at high strain rates, where
local relaxation can not occur by diffusional processes, is the reason for the
discrepancies between MD straining simulations and experiments. In this
way, the smaller grain size at which a transition to dislocation mediated
plasticity occurs as reported by MD simulations can be explained.
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• When it comes to deformation at reduced strain rates, the role of GB
mediated processes as discussed in previous parts of the thesis might
therefore be even more important and valid for a grain size range even
larger than only the smallest nanometer sizes.
grain boundary creep
• Given a thermally stable microstructure, GB creep can be simulated with
MD by an increase in temperature.
• Segregating solute in the GB increase the creep resistance, if they are located
in energetically favored positions. For a random introduction of solute into
the GB, the effect on the creep compliance is less severe.
• The creep resistance is increased by a reduction of the mobility in the GB.
This is caused by lowering the free volume in the GB through introduction
of solute atoms at energetically favorable positions.
• For a well equilibrated GB structure, atomic motion occurs by stringlike
collective motion; otherwise it occurs by individual jump events. The
processes of atomic transport through the GBs is therefore similar to the
case of amorphous material.
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The presented work has answered several open questions regarding the plasticity
of NC alloys. It does, however, also serve as a starting point for ongoing work,
where further research could either establish the gathered understanding and /
or develop it further.
For the energetic state of the GB, we could show that it is a controlling pa-
rameter for the macroscopic strength of a NC alloy. This is qualitatively consistent
with experimental findings, where a well equilibrated GB also needs to be de-
stroyed to deform plastically. The goal, however, would be to compare the results
regarding the energetic state and mechanical properties also quantitatively. Here
the effect of equilibration on the state of the GB and the mechanical properties
should be accessed for equivalent samples also experimentally.
Initial experimental results showed that deformation of NC microstructures not
only affects the energetic state of the GBs but also stabilizes the microstructure
against grain growth (Sec. 6.2.1). In order to identify the origin of this stabilization
and / or to understand the atomistic processes leading to an enhanced thermal
stability after deformation, additional computer simulations should be conducted.
Here it could be examined, whether an imposed deformation stabilizes the struc-
tures against grain growth also for the case of a simulated NC structure. If similar
effects occur, the computational model might allow to resolve the atomistic origin
of the observed stabilization.
For the case of mesoscopic GB sliding, we could show that its contribution to
plastic deformation is hindered by normal GB motion. This aspect should be con-
sidered in mesoscopic models, which attempt to explain macroscopic properties
of NC metals on the basis of the underlying processes. Furthermore it should
be analyzed, whether normal GB motion as contributor to plastic deformation
and potential controlling parameter has been overlooked in other cases while
interpreting results from experiments and simulations.
Regarding the limitations of classical MD straining simulations, we found that
the combination of MD with MC attempts, where local relaxation effects are
taken into account can influence the simulation results. The search for alternative
simulation techniques, capable of overcoming several limitations, is, however, only
at its beginning. Here, the main emphasis should be to develop new hybrid or
stand alone methods, which allow for the simulation of experimental conditions
while conserving an atomic resolution.
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The results on NC Pd–Au mainly presented in Chap. 6, which were published
in one article [A1], originate from a joint project with A. Stukowski. Here,
A. Stukowski contributed the development of the interatomic potential (Sec. 2.1.2),
the implementation of the semigrandcanonical MC routine into the MD code
(Sec. 2.3) and its detailed testing to model NC Pd–Au. My contributions include
the preparation, thermal annealing and characterization of the samples (Sec. 4.1.1),
the simulations of plastic deformation and the according analysis and interpreta-
tion of the results (Chap. 6).
The results on dilute NC Cu alloys mainly presented in Chap. 7, which were
published in one article [A2], originate from a joint project and include data from
N. Vo. For Chap. 7, N. Vo contributed the simulations of plastic deformation and
their analysis while my contributions include the preparation, thermal annealing
and characterization (Sec. 5.2) of the samples.
The results on NC Pd–Au mainly presented in Chap. 12, which were published
in one article [A7], originate from a joint project with A. Stukowski. Here,
A. Stukowski contributed the method to extract dislocation slip contributions to
crystal plasticity (Sec. 2.4.5) and carried out the analysis. My contributions in-
clude the preparation, thermal annealing and characterization of the samples, the
simulations of plastic deformation and the according analysis and interpretation
of the results (Chap. 12).
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